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The emergence and development of high-performance materials have benefited from
the revolution in modern manufacturing technology, in which additive manufacturing (AM)
is the most representative over the last four decades. AM, also known as 3D printing, refers
to a family of layer-upon-layer building technologies capable of producing geometrically
complex engineering parts with a short lead time [1]. Compared to the conventional
processing route, AM can provide more design freedom and flexible manufacturability,
which has played an increasingly vital role in many custom fields such as patient-specific
implants for medical application and the complex hollow structure of jet engine parts.

Nowadays, AM is widely used to fabricate metallic materials such as steels, nonferrous
alloys, and high entropy alloys [2–6]. The repetitive high thermal gradient during AM
leads to microstructural development which significantly deviates from the equilibrium
condition, thereby resulting in copious metastable microstructures including hierarchically
heterogeneous microstructures, multiphase constituent, nanosized precipitates and disloca-
tion network, enabling extraordinary mechanical behaviors compared to the counterparts
made by conventional methods. AM of metal matrix composites (originally invented to
combine the unique properties of metals) is another hot research field which has grown
in recent years [7]. AM, particularly powder-based AM methods, is proven to be a useful
and versatile composite manufacturing technique that facilitates the processing of reactive
primary powders for creating new materials with different constituent phases. Several
intractable issues, such as weak interface bonding, cracks at the interfaces, inhomogeneous
dispersions of reinforcement and residual stress induced by thermal mismatches between
composing phases, appearing in conventional synthesis, could also be effectively mitigated
and solved by AM.

In aiming to further develop additive manufactured alloys and composites, a full
understanding of processing–microstructure–property relationships during AM is still
the current scope for AM researchers, although great progress has already been made in
respect of the large number of related papers published in recent years. The remaining
critical challenges, including high production cost, the formation of various defects, and
many inapplicable established theories in textbooks to explain physical metallurgy during
AM, will continue to stimulate AM research [6], and we believe those challenges will be
overcome in the near future.

In light of these contributions, the current Special Issue entitled “Additive Manufac-
turing of Alloys and Composites” welcomes these original research articles, state-of-the-art
reviews, and perspectives on recent developments in additive-manufactured alloys and
composites, which aims to provide analysis, solutions and support for creating more
suitable materials for AM.

Conflicts of Interest: The authors declare no conflict of interest.
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Study on the Effect of Microstructure and Inclusions on
Corrosion Resistance of Low-N 25Cr-Type Duplex Stainless
Steel via Additive Manufacturing
Yang Gu † , Jiesheng Lv †, Jianguo He *, Zhigang Song, Changjun Wang, Han Feng and Xiaohan Wu
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Abstract: Duplex stainless steels are widely used in many fields due to their excellent corrosion
resistance and mechanical properties. However, it is a challenge to achieve duplex microstructure
and excellent properties through additive manufacturing. In this work, a 0.09% N 25Cr-type duplex
stainless steel was prepared by additive manufacturing (AM) and heat treatment, and its corrosion
resistance was investigated. The results show that, compared with S32750 duplex stainless steel
prepared by a conventional process, the combination value of film resistance and charge transfer
resistance of AM duplex stainless steel was increased by 3.2–5.5 times and the pitting potential was
increased by more than 100 mV. The disappearance of residual thermal stress and the reasonable
distribution of Cr and N elements in the two phases are the reasons for the improvement of the
corrosion resistance of AM duplex stainless steel after heat treatment. In addition, the extremely high
purity of AM duplex stainless steel with no visible inclusions resulted in a higher corrosion resistance
exhibited at lower pitting-resistance-equivalent number values.

Keywords: additive manufacturing; duplex stainless steels; nano-inclusion; microstructure; corrosion
resistance

1. Introduction

Duplex stainless steels (DSSs) are composed of both ferrite and austenite phases,
combining the excellent mechanical properties of ferrite with the superior corrosion resis-
tance of austenitic stainless steel [1–3]. They are widely used in industrial and maritime
applications [4–6]. DSSs can achieve theoretical corrosion resistance performance and
actual service performance higher than the 300 series unitary austenitic stainless steel at
similar or lower raw material costs [7]. The corrosion resistance of DSSs mainly depends
on composition and microstructure.

AM technology is a production method that reduces costs and increases efficiency [8].
However, the relationship between the composition, process, microstructure, and prop-
erties of AM duplex stainless steel has not been systematically studied [9,10]. Research
on the corrosion resistance of AM DSS steels are focused on utilizing the high forming
temperature and rapid cooling rate characteristics of additive manufacturing to form nu-
merous nano-sized oxide inclusions in the matrix [11,12]. Nano-inclusions bring benefits to
the improvement of mechanical properties of duplex stainless steels, but the effect on the
corrosion properties is not clear. Zhang et al. [13] investigated the substantial enhancement
of mechanical properties in S32205 duplex stainless steel achieved through the incorpo-
ration of specialized nano-inclusions, with a powder oxygen content reaching 0.11 wt.%.
Nano-inclusions bring benefits to the improvement of the mechanical properties of duplex
stainless steels, but the effect on corrosion properties is not clear; while the measured
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corrosion potential increased, the pitting potential decreased. Haghdadi et al. [14] found
that the corrosion resistance of AM 2205 duplex stainless steel was lower than that of hot
rolled samples, and heat treatment was a necessary step to restore its pitting resistance;
meanwhile, heat treatment was effective in restoring the duplex microstructure. Majld
et al. [15] concluded that the decrease in the corrosion resistance of AM duplex stainless
steel was caused by Cr2N precipitation. As reported by other investigations [16–18], the
corrosion resistance of AM DSSs is commonly comparable or inferior to that of traditionally
manufactured counterparts.

On this basis, this paper primarily focuses on a 25Cr-7Ni low-N (0.09 wt.%) duplex
stainless steel through an established manufacturing process. Its corrosion resistance before
and after heat treatment was investigated and compared, with the conventional S32750
duplex stainless steel used as a reference. Meanwhile, a variety of characterization methods
for microstructure and substructure were used to analyze the reasons for the improve-
ment of corrosion resistance from the perspective of inclusions, element distribution, and
microstructure, which provided a research direction for breaking through the limitation
of composition on the corrosion resistance of duplex stainless steel and achieving higher
corrosion resistance under the premise of lower theoretical corrosion resistance.

2. Materials and Methods

A 0.09% N 25Cr-type duplex stainless steel composition was designed. The low-
nitrogen composition is designed to avoid the precipitation of various nitrides. Argon gas
atomization was used to prepare 25Cr-type DSS powder, with a particle size distribution of
15–50 µm. The main chemical composition of the powder was measured via inductively
coupled plasma atomic emission spectrometry (ICP–AES), and the results are shown in
Table 1, with reference to the conventional preparation S32750 duplex stainless steel with
a higher pitting-resistance-equivalent number (PREN) value, which is 42.1, while that of
the 25Cr-type DSS is 38.6. Figure 1a shows the morphology observed under scanning
electron microscopy (SEM) (supplied by FEI Co., Ltd., Hillsboro, OR, USA), revealing
smooth, rounded particles without satellite powders. X-ray diffraction (XRD) analysis of
the powder indicates a phase composition of 99.47% ferrite and 0.53% austenite, with no
harmful phases.

Table 1. Chemical composition of the tested DSSs.

Cr Ni Mo N Mn O Si C PREN

AM powder 24.70 6.52 3.74 0.098 0.55 0.028 0.35 0.0050 38.6
S32750 25.39 6.72 3.71 0.28 0.40 0.0022 0.43 0.020 42.1

Note: PREN = WCr + 3.3 × WMo + 16 × WN.
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Figure 1. Powder SEM morphology: (a) 500× magnification; (b) 3000× magnification. Figure 1. Powder SEM morphology: (a) 500× magnification; (b) 3000× magnification.

The aforementioned powder was processed using a DLM-280 metal selective laser
melting (SLM) machine (supplied by Pera Corporation Ltd., Shanghai, China). The building
process took place on a 316 stainless steel substrate in a high-purity argon atmosphere
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(99.9%). The specific sintering parameters were as follows: laser input power (P) of 190 W,
laser spot diameter of 0.1 mm, powder layer thickness (h) of 0.02 mm, line spacing (t)
of 0.1 mm, scanning speed (v) of 850 mm/s, and a bidirectional scanning pattern with a
90◦ angle between each layer. The calculated energy density, obtained using Formula (1),
was 117.65 J/mm3. The density of the as-built product, measured using the Archimedes
drainage method, was 7.81 g/cm3, while the density of the conventional forged product
was 7.82 g/cm3, resulting in a relative density of 99.87% [19].

E =
P

v·h·t (1)

The heat treatment process was as follows: The AM samples were held at 1200 ◦C and
1100 ◦C for 1 h and then water-quenched. As a reference, the samples for the conventional
process were held at 1100 ◦C for 1 h and then water-quenched.

The optical microscope (OM) specimens of 10 × 10 × 2 mm were mechanically ground
and polished using a diamond polish with a granularity of 5 µm and then immersed
in a potassium permanganate–sulfuric acid aqueous solution at 50 ◦C for 3 h. The OM
microstructure was observed using a LEICA MEF4M optical microscope (supplied by
Leica Microsystems Shanghai Ltd., Shanghai, China). Polished samples were subjected to
statistical analysis for the macroscopic distribution and quantity of inclusions using the
ASPEX metal inclusion analyzer (supplied by FEI Co. Ltd., Hillsboro, OR, USA), with a
scanning area of 7 × 7 mm.

Transmission electron microscope (TEM) specimens were mechanically thinned to a
thickness of 40 µm and then mechanically punched to obtain circular disks with a diameter
of 3 mm. Further thinning of the disks was performed using a dual-jet electropolisher at
28 V and −20 ◦C. The electrolyte consisted of 10% perchloric acid and 90% anhydrous
ethanol. Observation was carried out using a FEI TECNAI G2 F20 (supplied by FEI Co. Ltd.,
Hillsboro, OR, USA) operated at an acceleration voltage of 200 kV. Electron probe X-ray
microanalyzer (EPMA) experiments were conducted using a JXA-8530F PLUS (Electronics
companies of Japan, Tokyo, Japan) electronic probe. The backscattered electron diffraction
(EBSD) experiments were conducted using a FEI Quanta650 field emission scanning electron
microscope (supplied by FEI Co. Ltd., Hillsboro, OR, USA). EBSD samples were immersed
in a 10% alcoholic hydrochloric acid solution and subjected to electrolytic polishing at a
voltage of 25 V for 30 s. EBSD characterization was carried out using a FEI Quanta650
field emission scanning electron microscope, and the data were processed using Channel
5 software. The EBSD data collection was conducted with a step size of 0.6 µm and a
resolution of 400 × 400.

The electrochemical experiments were carried out using a standard three-electrode
system, with the polished sample to be tested as the working electrode (WE), the platinum
electrode as the counter electrode (CE), and the saturated calomel electrode (SCE) as the
reference electrode. The electrochemical testing employs a 3.5 wt.% sodium chloride
solution. Prior to the test, cathodic polarization was performed at −1 V vs. Ref. for
3 min to remove the passivation layer on the sample surface. Subsequently, an open-
circuit (OC) voltage test was conducted for half an hour, allowing the voltage to stabilize
within the range of ±10 mV before proceeding to the next step. The frequency range for
electrochemical impedance spectroscopy (EIS) was from 10−2 Hz to 105 Hz. The impedance
measurement signals had an amplitude of ±10 mV vs. OC sinusoidal waveforms, and
the curve fitting was performed using ZSimpWin software (Version 3.6 EChem Software,
Ann Arbor, MI, USA, http://www.echemsw.com (accessed on 2 March 2024)). For cyclic
polarization curve testing, the initial voltage was set at −0.5 V vs. OC. The anodic current
was scanned until it reached 100 µA, and then, a reverse scan was performed, terminating
at the open-circuit potential. The scanning rate was 0.5 mV/s.
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3. Results
3.1. Microstructure

In Figure 2, the OM microstructure of the test samples before and after heat treatment
is presented. In Figure 2a, the microstructure of the AM sample appears as a mosaic-
like structure, with the minimum unit size of the mosaic structure being approximately
100 × 100 µm. This structure consists of larger grains in the central region and finer,
fragmented grains at the edges. The unique microstructure is primarily determined by
the building process, where the laser diameter is 100 µm, and the scanning interval is also
100 µm. With each layer formed at a 90◦ angle to the previous one, the building strategies
result in the mosaic-like microstructure. Additionally, previous studies have indicated that
the untreated microstructure is a unitary ferrite structure [19].
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Figure 2. OM image of the specimen before and after heat treatment: (a) AM sample before heat
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1 h, and (d) conventionally processed sample.

Figure 2b and 2c, respectively, illustrate the OM microstructure after heat treatment
at 1200 ◦C and 1100 ◦C for 1 h. Compared to the untreated microstructure, new austenite
precipitated along the ferrite grain boundaries and within the grains after heat treatment,
transforming the microstructure from unitary ferrite to a dual-phase structure. It is note-
worthy that the regular mosaic pattern at the macroscopic level remained intact. This is
mainly attributed to the low-nitrogen (N) composition design. Even after thorough heat
treatment (1 h), the newly formed austenite impeded the mutual merging of the original
ferrite grains.

As a reference, the microstructure of the S32750 duplex stainless steel with standard
composition after conventional hot rolling and solution treatment (1100 ◦C × 1 h) is shown
in Figure 2d. It can be observed that the microstructure of the AM samples is significantly
different from that of the duplex stainless steel produced through the conventional process.
The main differences lie in the phase morphology and grain size. Conventional processes
including casting, forging, hot rolling, and heat treating produced larger grain sizes com-
pared to one-off rapid prototyping of AM samples. At the same time, the conventional
process 25Cr duplex stainless steel has significantly more austenite due to its higher N con-
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tent. In terms of phase distribution, the two phases of AM sample were mainly distributed
along the build trajectory, while the two phases of the conventional processes were mainly
distributed along the rolling direction. The differences in corrosion resistance performance
resulting from structural variations between the two processes are discussed in detail in
the following sections.

3.2. Corrosion Resistance

The open-circuit potential (OCP) of the untreated AM sample was the lowest after
solution treatment, which was slightly better than that of the conventional process. In
Figure 3, OCP curves after cathodic polarization at −800 mV for 3 min are presented for
several samples. After a test duration of 1800 s, the OCP values of all samples stabilized
around −100 mV. The OCP value of the untreated AM sample was the most negative
and was significantly lower than the other samples. After heat treatment, the OCP values
noticeably increased and were all better than the conventional process samples [20]. A lower
OCP value indicates the higher electrochemical activity of the tested sample. Therefore,
the untreated AM sample exhibited the highest corrosion tendency and had the worst
corrosion resistance, while after heat treatment, its corrosion resistance was better than that
of the conventional process sample.
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Figure 4 shows the electrochemical impedance spectra of different samples at open-
circuit potential. In the Nyquist diagram, all capacitance reactance arcs formed incomplete
semicircles, indicating that the corrosion mechanism of the tested steel in the 3.5% NaCl
solution remains unchanged regardless of the preparation method. The capacitive reactance
arcs of both the untreated AM sample and the sample from conventional processes were
small and relatively closed to each other. However, after heat treatment, the capacitive
reactance arc of the AM sample noticeably increased, with the most significant increase
observed in the sample treated at 1100 ◦C. This phenomenon reflects the improved corrosion
resistance of the AM sample after heat treatment. As can be seen from the Bode plot,
the heat-treated AM sample had a higher impedance modulus (|Z|) at low frequencies,
indicating excellent corrosion resistance. Similarly, the phase angle plot shows excellent
passivation performance.
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Figure 4. Impedance spectra of samples under different preparation processes: (a) Nyquist diagram;
(b,c) Bode diagram; (d) equivalent circuit for fitting EIS diagram.

The impedance spectra data were fitted using the equivalent circuit shown in Figure 4d.
Rs represents the electrolyte resistance, the constant phase element Qf corresponds to the
passive film capacitance, Rf is the passive film resistance, and Qdl and Rct represent the
double-layer capacitance and charge transfer resistance, respectively [21,22]. The membrane
values of different samples in the high-frequency region are closely related to the corrosion
resistance of the passive film, while the low-frequency region may be associated with
charge transfer resistance [20]. The fitting results using the aforementioned equivalent
circuit are presented in Table 2. The combination of Rf and Rct reflects the holistic corrosion
resistance of the samples. From the table, it can be seen that the n values of Qf and Qdl
are close to 1, indicating that the constant phase elements were close to pure capacitors.
A greater value of n designates a decrease in surface inhomogeneity, associated with a
strong adsorption of polymer and inhibitor [23]. This suggests effective passivation of
the passive film. Comparing the values of Rf and Rct for different samples, it was found
that the charge transfer resistance Rct was significantly larger than Rf, especially for the
heat-treated AM sample. This indicates that charge transfer was more difficult, reflecting
the greater difficulty for electrons to escape from the surface of the substrate, making it
more challenging for metal atoms on the substrate to be oxidized into ions. The passive
layer on the stainless steel surface is composed of substances such as Cr2O3, Cr(OH)3,
Fe2O3, Fe3O4, etc. [24,25]. Since there were fewer metal ions involved in the formation
of these substances, the structure, thickness, and formation processes of the passive film
were different from the other two samples, which is also the reason for the smaller Rf in the
heat-treated AM sample. Although the resistance of electrons passing through the passive
film was relatively small, the n values of Qf for all the heat-treated AM samples were 1,
indicating that the capacitive properties of the passivation film of the samples are more
pronounced, and the hindering effect on the ions is more obvious.
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Table 2. Fitted electrochemical parameters for EIS data of duplex stainless steels under different
preparation processes.

Rs (Ω cm2)
Qf (µF/cm2)

Rf (Ωcm2)
Qdl (µF/cm2)

Rct (Ωcm2) Rf + Rct (Ωcm2)
Y0 n Y0 n

Untreated AM 6.53 91.97 0.855 1.82 × 104 12.25 0.978 1.27 × 105 1.46 × 105

AM + 1100 ◦C 5.56 13.82 1.000 7.85 34.82 0.827 9.31 × 105 9.31 × 105

AM + 1200 ◦C 6.16 17.95 1.000 11.12 35.7 0.805 5.22 × 105 5.22 × 105

Reference 6.06 80.08 0.874 2.76 × 104 9.959 1.000 1.41 × 105 1.68 × 105

In summary, the corrosion resistance of the test steel can be impacted by the magnitude
of Rf + Rct value (the combination value of film resistance and charge transfer resistance).
It can be seen that the corrosion resistance of the untreated AM sample was the worst,
and it was significantly improved after heat treatment. The Rf + Rct value of the AM
sample after heat treatment at 1200 ◦C is 3.2 times of that of the conventional processes
sample, and it increased to 5.5 times at 1100 ◦C, which are both much better than that of
the conventional sample.

Figure 5 presents the cyclic polarization curves of different samples in a 3.5% NaCl
solution, showing a similar overall trend and indicating a common corrosion mechanism.
Combining the curves, it is evident that the anodic curves of different samples exhibited
clear passivation behavior. Through the analysis of the polarization curves, information
such as the corrosion current density (Icorr), critical pitting potential (Ep), and corrosion
potential (Ecorr) can be obtained. When the applied current exceeded the passivation region,
the current density suddenly increased, and pitting corrosion was considered to occur
when the current density reached 100 µA/cm2. The potential corresponding to this point is
defined as Ep. The stability of the passive film is characterized by the difference between Ep
and the corrosion potential Ecorr. When the potential reached Ep, the curve began to reverse
scan, and during the reverse scan, the current exhibited a hysteresis phenomenon. The
intersection of the reverse scan curve with the forward scan anode curve is repassivation
potential, defined as Er. The difference between Ep and Er is used to characterize the
repairability of the passive film on the sample, i.e., the repassivation performance.
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Figure 5. Potentiodynamic polarization curve of duplex stainless steels under different preparation
processes.
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From Table 3, it can be observed that the conventional process sample had the most
negative corrosion potential, followed by the untreated AM sample. After heat treatment,
the corrosion potential of the AM sample was improved, especially after the 1100 ◦C
heat treatment, where the corrosion potential was significantly higher than other samples,
indicating the least tendency for corrosion to occur. The pitting potential followed the same
pattern as the corrosion potential. After heat treatment at 1100 ◦C and 1200 ◦C, the pitting
potential of AM samples was 128.5 mV and 103.4 mV higher than that of conventional
samples, respectively. In addition, the Ep-Ecorr values of all AM samples were larger than
that of the conventional sample, implying that the AM samples had a larger passivation
interval. In contrast to the pattern of pitting potential, the conventional process sample
exhibited the best repassivation performance, while the heat-treated AM samples showed
relatively poor repairability of the passive film, with a larger Ep-Er value. In summary, the
AM samples after heat treatment have a lesser corrosion tendency, a higher pitting potential,
and a larger passivation interval, although the repassivation performance is slightly worse;
overall, the corrosion resistance is better than that of conventional process samples.

Table 3. Electrochemical parameters for polarization curve of duplex stainless steels under different
preparation processes.

Ecorr/mV Icorr/µA Ep/mV Ep-Ecorr/mV Er/mV Ep-Er/mV

Untreated AM −153.46 0.282 1100.75 1254.21 972.84 127.91
AM + 1100 ◦C −134.99 0.293 1160.33 1295.32 1008.97 151.36
AM + 1200 ◦C −142.91 0.265 1135.19 1278.10 985.91 149.28

Reference −189.34 0.272 1031.80 1221.14 909.27 122.53

4. Discussion

In the above results, it is evident that the AM samples after heat treatment, despite
having initially lower PREN values and higher oxygen content, exhibited better corrosion
resistance performance than the conventional processed samples. This section discussed
the reasons for the superior corrosion resistance performance of the AM samples and
the variations in the corrosion resistance performance of AM samples under different
conditions. In this section, the mechanism of corrosion resistance enhancement of AM
samples is discussed in terms of phase composition, elemental distribution, substructure,
and inclusions.

4.1. Influence of Phase Composition and Substructure on Corrosion Resistance Properties

For DSSs, the coexistence of two phases with a reasonable distribution of elements
is conducive to the improvement of corrosion resistance performance [26]. It is generally
considered that the corrosion resistance of austenite is superior to that of ferrite in dual-
phase stainless steel [27]. Within the compositional range of dual-phase stainless steel,
unitary ferritic structure without heat treatment is also unfavorable to corrosion resistance
from an element distribution perspective.

Through OM microstructure analysis, the variation in austenite content was examined:
0% for untreated samples, 8.2% for heat-treated samples at 1200 ◦C, and 16.3% for heat-
treated samples at 1100 ◦C. Under the same composition, the change in the proportion of
the two phases resulting in the variation of element distribution is the main cause of the
change in corrosion resistance. Figure 6 presents the EPMA mapping results of additive
manufacturing samples at different heat treatment temperatures. It can be observed that
after heat treatment at 1200 ◦C, austenite appeared in the intercrystalline regions of the AM
samples, with Ni elements enriched in austenite and Cr elements enriched in ferrite [28].
After heat treatment at 1100 ◦C, austenite content increased, with austenite appearing not
only in the intercrystalline regions but also within the grains. Ni was highly enriched in
both intercrystalline and intragranular austenite. Compared to heat treatment at 1200 ◦C,
the enrichment of Cr elements in the ferrite phase was more pronounced at this temperature.
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The appearance of austenite led to a more balanced distribution of elements between the
two phases, which was beneficial for improving corrosion resistance performance.
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Figure 6. EPMA mapping results of AM samples of different processes: (a) untreated, (b) 1200 ◦C
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Furthermore, the intercrystalline regions had higher energy, providing a pathway
for rapid diffusion of elements. This resulted in compositional differences between inter-
granular and intragranular austenite. EPMA spot scanning was conducted to characterize
the elements content of different phase in AM samples under different conditions, with
results shown in Table 4. For DSSs, corrosion resistance primarily depends on the content
of Cr, Mo, and N elements. The N element content is mainly enriched in the austenite
phase, while Cr and Mo have higher concentrations in the ferrite phase [29]. Typically, the
impact of N element on corrosion resistance performance is greater than that of the other
two elements. Additionally, the austenite phase exhibits a more corrosion-resistant mi-
crostructure, while ferrite often becomes the weaker phase during corrosion processes [30].
Table 4 shows that the Cr and N contents in intragranular austenite were both higher than
those in intercrystalline austenite, making it the most corrosion-resistant component among
intragranular austenite, intercrystalline austenite, and ferrite. Furthermore, the appearance
of intragranular austenite led to further enrichment of Cr elements in the ferrite, thereby
enhancing the corrosion resistance of the weakest phase (ferrite). In summary, the combi-
nation of intragranular and intercrystalline austenite phases with ferrite ensures a more
rational distribution of elements, thereby improving the corrosion resistance performance.

For AM samples, the difference in corrosion resistance between the samples before
and after heat treatment is not only due to the ratio of the two phases, the morphology of
the two phases, and the elemental distribution between the two phases but is also affected
by the number of grains and substructures [31–33]. During the building forming process,
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the central part of the laser had higher energy, allowing grains to grow sufficiently, while
the edges, due to the reduction in laser energy, have relatively smaller grain sizes. Smaller
grain size implies more grain boundaries, substructures, and dislocation density.

Figure 7 illustrates the EBSD kernel average misorientation (KAM) test results for
AM specimens in different states. KAM can be used to characterize the stress state and
deformation extent [11,34]. None of the AM samples used for testing in this work were
plastically deformed, so a higher KAM indicates a higher stress state. Therefore, it is
inferred that the high KAM originates from the high dislocation density. The sources of
these dislocations were mainly thermal stress residues and supersaturated solid solutions
of elements during rapid cooling. After heat treatment, thermal stresses were removed,
elements were redistributed between the two phases, the peak of the KAM value was
shifted to the left, the peak width decreased, and the dislocation density decreased.
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The untreated AM samples exhibited a unitary ferritic structure. However, at room
temperature, the saturation N element solubility in ferrite is only 0.07% [35], while the N
content of the AM sample was 0.09%, which was entirely oversaturated and dissolved
in the ferrite. Figure 8 shows TEM images of the untreated samples, revealing that even
without deformation, the ferrite has an extremely high dislocation density due to the
oversaturation of N elements and residual thermal stress from the rapid cooling during the
forming process. This is one of the reasons why the corrosion resistance performance of
untreated samples was lower than that of heat-treated samples.
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Table 4. EPMA spot scanning results.

Spot Phase
The Element Content (wt.%)

Ni Cr Mo Mn C N Fe

1 Ferrite 6.63 25.30 3.65 0.48 0.64 0.15 Bal.

2 Intercrystalline austenite 8.87 22.33 2.74 0.41 0.43 0.61 Bal.
3 Ferrite 6.32 25.69 3.67 0.43 0.60 0.05 Bal.

4 Intercrystalline austenite 8.33 22.59 2.81 0.64 0.54 0.36 Bal.
5 Intragranular austenite 7.00 24.65 3.25 0.75 0.51 0.41 Bal.
6 Ferrite 6.07 25.99 3.72 0.52 0.59 0.06 Bal.
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4.2. Effect of Inclusions on Corrosion Resistance

There are various factors influencing the pitting corrosion resistance of stainless steel.
For conventional process stainless steel, inclusions are one of the significant contributors
to the deterioration of its corrosion resistance. During the conventional smelting process,
unavoidable steps like deoxidation introduce inclusions such as Al2O3, MnO, and oth-
ers [36,37]. These inclusions have higher melting points than the alloy, and their stable
nature makes it challenging to eliminate them through subsequent processing steps. These
inclusions are not only difficult to eliminate but also have relatively large sizes, leading
to a certain degradation in the final mechanical and corrosion resistance properties of
stainless steel. Therefore, the modification of inclusions and the enhancement of the purity
of stainless steel are crucial measures for optimizing its corrosion resistance performance.

Figure 9a,b, respectively, show surface micrographs of the polished states of the AM
samples and the conventionally processed samples. It can be observed that the AM sam-
ples exhibited extremely high purity, with virtually no visible inclusions. In contrast, the
conventionally processed sample showed a significant presence of black inclusions. Fur-
thermore, the distribution of inclusions was statistically analyzed using ASPEX inclusion
analysis, with the results depicted in Figure 9c,d. It should be noted that the substances
detected by ASPEX are still customarily referred to as inclusions, even though they are
much smaller than common inclusions and are thus unobservable under a metallurgi-
cal microscope [14]. In the untreated AM samples, a minimal number of inclusions was
observed. Conversely, the conventional process samples exhibited a significantly higher
number of inclusions, which became one of the significant factors deteriorating its corrosion
resistance performance. This is why, despite having a higher PREN value, the corrosion
resistance performance of the conventional processed samples was weaker than that of the
AM samples.
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However, it is worth noting that the oxygen (O) element content in the AM samples
was as high as 0.02%, much higher than the oxygen content in the conventionally processed
samples (0.002%). Interestingly, O, as the primary forming element of inclusions, did
not appear in the form of large-sized inclusions in the AM samples. To investigate this,
we explored the presence of oxygen in the AM samples. Figure 10 presents the TEM
microstructure of the AM samples, revealing numerous particles with sizes ranging from
20 to 100 nm. STEM characterization of their elemental composition indicated the presence
of particles rich in oxygen, manganese, and chromium. The formation of these nanoscale
oxides was primarily attributed to the unique process of AM.

Through the powder bed fusion process, high-purity powder without inclusions
could be obtained. However, the powder-making process unavoidably introduced oxygen,
leading to a higher oxygen content. In the additive manufacturing process, the laser
created a high-temperature melt pool on the powder bed, where numerous oxides rapidly
formed. Due to the relatively fast scanning speed (850 mm/s) and the short duration
of the melt pool, coupled with the extremely rapid cooling rate (105–107 K/s) [35], these
oxides did not have enough time to grow into large inclusions. Instead, they formed
nanoscale inclusions. The nanoscale inclusions significantly enhanced the macroscopic
purity compared to conventional processes, which ultimately resulted in better corrosion
resistance performance at a lower PREN in the AM samples.
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 Figure 10. TEM morphology of inclusions in heat-treated AM samples: (a) 25,000× magnification;

(b) 100,000× magnification.

5. Conclusions

A 0.09% N 25Cr-type duplex stainless steel was prepared by AM and heat treatment,
and its corrosion resistance was investigated. The results indicate that the refinement
of inclusion size has a favorable impact on its corrosion resistance performance. With a
lower PREN value, additive manufacturing products can achieve superior actual corrosion
resistance performance.

(1) The corrosion resistance of 0.09% N 25Cr-type AM test steel after heat treatment is
superior to that of S32750 duplex stainless steel with the same Cr content when hot
rolled and in solid solution condition. In a 3.5% wt.% NaCl solution, the combination
value of film resistance and charge transfer resistance of AM samples in solid solution
at 1100 ◦C and 1200 ◦C was 5.5 times and 3.2 times that of conventional S32750 duplex
stainless steel, respectively; the pitting potential was 128.5 mV and 103.4 mV higher,
respectively;

(2) The disappearance of residual thermal stress and the reasonable distribution of Cr and
N elements in the two phases are the reasons for the improvement of the corrosion
resistance of AM duplex stainless steel after heat treatment. When the heat treatment
temperature decreased from 1200 ◦C to 1100 ◦C, the austenite phase morphology
changed from intercrystalline austenite to intercrystalline and intragranular austenite.
The Cr and N contents in intragranular austenite were both higher than those in the
intercrystalline austenite, also leading to further enrichment of Cr elements in the
ferrite and enhancing the corrosion resistance of AM DSSs;

(3) The influence of inclusions on corrosion resistance of DSSs is more obvious than
PREN value. Unlike the large particle inclusions commonly found in duplex stainless
steel prepared by conventional processes, the oxygen in AM samples only exists in
nanoscale Mn and Cr oxides due to the particularity of AM technology. The extremely
high purity of AM duplex stainless steel with no visible inclusions resulted in a higher
corrosion resistance exhibited at lower PREN values.
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Abstract: SiC-fiber-reinforced Al-Mg matrix composites with different mass fractions of Mg were
fabricated by combining colloidal dispersion with a squeeze melt infiltration process. The microstruc-
ture, mechanical and damping properties, and the corresponding mechanisms were investigated.
Microstructure analyses found that SiCf/Al-Mg composites presented a homogeneous distribution
of SiC fibers, and the relative density was higher than 97% when the mass fraction of Mg was less
than 20%; the fiber–matrix interface bonded well, and no obvious reaction occurred at the interface.
The SiCf/Al-10Mg composite exhibited the best flexural strength (372 MPa) and elastic modulus
(161.7 GPa). The fracture strain of the composites decreased with an increase in the mass fraction
of Mg. This could be attributed to the strengthened interfacial bonding due to the introduction of
Mg. The damping capacity at RT increased dramatically with an increase in the strain when the
strain amplitude was higher than 0.001%, which was better than the alloys with similar composition,
demonstrating a positive effect of the SiC fiber on improving the damping capacity of composite; the
damping capacity at a temperature beyond 200 ◦C indicated a monotonic increase tendency with the
testing temperature. This could be attributed to the second phase, which formed more strong pinning
points and increased the dislocation energy needed to break away from the strong pinning points.

Keywords: silicon carbide fiber; Al-based matrix composite; strengthening mechanism; mechanical
properties; damping properties

1. Introduction

Aluminum-based matrix composites (AMCs) have a wide range of uses in the aerospace
and transportation industries because of their high specific strength and stiffness, low coef-
ficient of thermal expansion (CTE), and good resistance to corrosion [1,2]. Among different
reinforcement approaches, carbon and silicon carbide (SiC) fibers have high priority to
be used as reinforcements for AMCs due to their low density, large aspect ratio, excellent
mechanical properties, low CTE, and high thermal and chemical stabilities [3,4]. Although
carbon fiber is less expensive for AMC manufacturing and has a lower density than SiC
fiber [5,6], the challenge is that the aluminum matrix cannot completely fill the carbon
fiber bundles due to the poor wettability of the carbon fibers when combined with the
aluminum [7]. Additionally, harmful interfacial reactions between carbon fibers and alu-
minum melt may take place during the fabrication process, which would damage the
carbon fibers and lead to strong fiber–matrix interface bonding [8,9], resulting in low me-
chanical properties. As a result, SiC fibers are emerging as a better reinforcement solution
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for AMCs. Furthermore, the limited damping capacity of AMCs has restricted their use
in some vibration-sensitive areas, such as in the structural components for space cameras,
which require materials with favorable damping properties [10–12]. On the other hand,
different mechanisms are responsible for the damping and strengthening of AMCs. Thus,
it is essential to improve the mechanical properties and damping properties of AMCs
simultaneously.

In recent years, great efforts have been made regarding the damping behavior of
AMCs and various methods have been proposed to improve the mechanical properties and
damping properties of AMCs [13–17]. Theo et al. [13] introduced different volume fractions
of martensitic stainless steel and silicon carbide particles into Al-based matrix composites.
They found that two-particle co-reinforced Al-Zn composites offered better damping and
mechanical properties than those of SiC-particle-reinforced ones. Ram et al. [14] prepared
an aluminum matrix composite with randomly distributed carbon fibers using the high-
pressure infiltration method and investigated the effect of carbon fiber content on the
damping capacity. The results showed that the peak damping of the composite firstly
increased and then decreased with the increase in carbon fiber content, while the off-peak
damping always increased with the increase in carbon fiber content. This phenomenon is
believed to be related to the micro plasticity of the aluminum matrix and the dislocation
breakaway at the interface.

As we know, the matrix is an important component for a composite, and its com-
position has a substantial impact on the properties of composites. Xu [18] selected the
SiC fiber and used the vacuum pressure infiltration method to prepare continuous SiC-
fiber-reinforced aluminum composites, where the volume fraction of the SiC fiber was
designed to be 40% and different types of alloys (ZL102, ZL114A, ZL205A and ZL301) were
used as the matrix. The effects of different matrix alloys on the interface structure, fiber
damage, and fracture behavior were investigated. Chu et al. [19] investigated the influence
of matrix categories on the damping capacity of SiC-fiber-reinforced aluminum matrix
composites. The results revealed that the dominant damping mechanisms for SiCf/Al
composites were dislocation damping at low temperatures (<150 ◦C) and grain boundary
damping and interface damping at high temperatures (>150 ◦C). Hence, the microstructure
of the matrix, such as the dislocation, grain size, the angle of the grain boundary, and
the interface between the matrix and the fiber, essentially affected the damping capacity
and dynamic modulus of composites across the whole temperature range. This work
indicated that the damping capacity and mechanical strength in the SiCf/Al composites
are not absolutely in conflict with each other, and can be achieved by adjusting the matrix
composition. In terms of selecting the alloy composition of the matrix, it is evident that the
introduction of Mg can not only improve the wettability of the SiCf and Al matrix [20], but
also strengthen the matrix. Li Z et al. found that the increase in Mg content was beneficial
for the improvement of the damping properties of the alloy at room temperature, to a
certain extent [21]. Therefore, the introduction of Mg in the matrix may have a positive
effect on the improvement of both of mechanical properties and damping properties of
SiCf/Al composites.

Therefore, it is of practical significance to study the effect of Mg content on the
comprehensive properties of SiCf/Al-Mg composites. In this work, the SiC fiber and Al
matrix doping with different Mg content were used to prepare the SiCf/Al-Mg composites.
The SiCf/Al-Mg composites were prepared by combining the colloidal dispersion with
the squeeze melt infiltration technique. The effects of Mg content on the microstructure,
mechanical properties, and damping properties of SiCf/Al-Mg composites were studied.

2. Materials and Methods
2.1. Raw Materials

Al powders (average size: 50 µm, purity: >99.5%, supplied by Damao Co., Ltd., Tianjin,
China) and Mg powders (average size: 100 µm, purity: >99.5%, supplied by Damao Co.,
Ltd., Tianjin, China) were used as the raw materials. SiC fibers (Cansas3203, supplied by
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Liyaxincai Co., Ltd., Quanzhou, China) with a length of about 500 µm and a diameter
of 12 µm were used as the reinforcement to prepare SiCf/Al composites. To regulate
the organization and properties of the SiCf/Al-Mg composites, Mg elements with mass
fractions of 5%, 10%, 15%, and 20% were added.

2.2. Fabrication of SiCf/Al-Mg Composites

Figure 1 shows the schematic diagram of the preparation process of SiCf/Al-Mg
composites. Firstly, the SiC fibers were debonded by pre-treatment at 400 ◦C in a muffle
furnace under atmospheric conditions, and then the debonded fibers were cut into short
SiC fibers. Subsequently, a certain amount of hydroxyethyl cellulose (HEC) was dissolved
in deionized water to form an HEC colloidal solution. Then, the short SiC fibers were
poured into the colloidal solution and stirred for 20 min to fully disperse them in the HEC
colloidal solution. The aluminum and magnesium powders were gradually poured into
the colloidal solution dispersed with SiCf and stirring was continued to make them fully
dispersed.
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Figure 1. Schematic diagram of the preparation process of SiCf/Al-Mg composites.

The excess liquid was then extracted under negative pressure using a suction–filtration
device to obtain a homogeneous mixture of SiCf, Al, and Mg powders. The mixture
was moved into the mold and transferred into a vacuum-sintering furnace. When the
furnace was heated to 680 ◦C, a pressure of 40 MPa was applied, and maintained for
15 min. Afterwards, the furnace was naturally cooled down to RT. Finally, a solidified
block composite was obtained. The nominal volume fraction of SiCf in the composite was
20%. The mass fractions of Mg in the Al matrix were 5%, 10%, 15%, and 20%, respectively.
Correspondingly, they were labelled SiCf/Al-5Mg, SiCf/Al-10Mg, SiCf/Al-15Mg, and
SiCf/Al-20Mg. In a control experiment, the same process was applied to prepare the
SiCf-reinforced pure Al matrix composite labelled SiCf/Al.

2.3. Characterization

The density of the composites was measured using Archimedes’ method. The consist-
ing phases were characterized by X-ray diffraction (XRD) (D/Max 2400, Rigaku Co., Tokyo,
Japan). The Vickers hardness of the composites was tested on a Vickers hardness tester at
RT with a load of 5 Kg for 10 s. The morphologies of the polished and fractured surfaces of
the composites were analyzed using FE-SEM (NOVA NanoSEM 450, FEI, Hillsboro, OR,
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USA) equipped with an Energy Dispersive Spectrum (EDS). The strength was carried out
on the test bars with 25 × 2.5 × 2 mm3 (length by width by thickness, respectively) using a
3-point flexural test at RT. At least three bars were used for each composite. Each test was
loaded with a crosshead speed of 1 mm/min. The elastic modulus was obtained based on
the strain measured by the strain gauge sensor.

The damping capacity of the composites were measured with single cantilever mode
according to the standard test method: ASTM E756-05. The composites were machined into
samples with dimensions of 1 × 5 × 30 mm3. The temperature dependence of the damping
capacity was tested by dynamic mechanical analysis (DMA) (DMA-Q800, TA, New Castle,
DE, USA) at temperatures ranging from RT to 400 ◦C with a heating rate of 5 ◦C/min,
under a strain amplitude of 3 × 10−4 and a frequency of 1 Hz. The strain dependence of
the damping capacity was also measured by DMA, with strains ranging from 1 × 10−5 to
2.5 × 10−4 at RT with a frequency of 1 Hz.

3. Results and Discussion
3.1. Microstructure

Figure 2 shows the polished surface morphologies of composites. When the mass
fraction of Mg was less than 20%, it was found that the composites had a dense structure
and a homogeneous distribution of SiC fibers, and none of them showed evidence of
SiC fiber aggregation (Figure 2a–c). This is because fibers in an aluminum matrix can be
successfully dispersed via colloidal dispersion [22]. Figure 2d shows the morphology of the
SiCf/Al-20Mg composite. As indicated by the arrows in the image, it was apparent that the
composite contained pores. The pores in the SiCf/Al-20Mg composite could be attributed
to the high Mg content. Furthermore, it was clear that the SiC fibers were bonded to the
aluminum matrix and did not exhibit the presence of a reactive phase at the interface.
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Figure 2. Morphologies of composites: (a) SiCf/Al-5Mg; (b) SiCf/Al-10Mg; (c) SiCf/Al-15Mg;
(d) SiCf/Al-20Mg. Arrows in (d) denote pores located at surface.

21



Materials 2024, 17, 1600

According to the aluminum–magnesium phase diagram, if the magnesium content in
the aluminum matrix is high, the melting point of the alloy will be lowered, which results
in the composites being unable to maintain sufficient pressure during solidification [20]. As
a result, pores would occur in the composites. Additionally, the microscopic morphologies
of the four composites revealed that SiC fibers exhibited good isotropy and no obvious
orientation distribution, indicating that the current process produced composites with good
isotropy.

In order to understand the relationship between the composites’ density and the Mg
content clearly, the relative density of composites was calculated according to the ratio of
the measured bulk density to the theoretical density. The results are shown in Table 1.

Table 1. Density of the SiCf/Al-Mg composite (g/cm3).

Composite SiCf/Al SiCf/Al-5Mg SiCf/Al-10Mg SiCf/Al-15Mg SiCf/Al-20Mg

Bulk density 2.59 2.62 2.59 2.53 2.41
Relative
density 96.64% 98.36% 98.27% 97.27% 94.21%

3.2. Phase Analysis

Figure 3 shows the XRD spectra of SiCf/Al-Mg composites. It is clear from the spectra
that each composite contains strong Al and SiC peaks, and an Al12Mg17 peak. The SiC
peaks are situated at 2θ of 35.7◦, 60.4◦, and 71.8◦, respectively. According to JCPDS cards
(SiC: 49-1428), the three SiC peaks correspond to the (111), (220), and (311) crystallographic
planes of β-SiC. The absence of the diffraction peaks of Mg in the XRD patterns might be
attributed to the solid solution that formed with the Al matrix during the fabrication of the
composites [23].
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Figure 3. XRD patterns of the SiCf/Al-Mg composites.

According to Bragg’s law, solid solution atoms in Al which are smaller than Al atoms
will shift the position of the diffraction peaks of Al towards the lower diffraction angle.
From Figure 3, it could be seen that the position of the Al peaks shifted to the low diffraction
angle when the Mg element was introduced. Therefore, it can be inferred that Mg was
dissolved into the Al matrix during the fabrication process. The existence of Al12Mg17
peaks demonstrated that Mg reacted with Al, and it can be seen that the Al12Mg17 peak in
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the pattern of SiCf/Al-20Mg was more prominent, which implies that more Al12Mg17 was
generated in SiCf/Al-20Mg. It has been reported that SiC may react with the Al matrix at a
high temperature to produce the reactants Al4C3 and Si [24]. However, in the current work,
no XRD patterns showed the presence of the Al4C3 and Si phases. As we know, the Al4C3
phase is a brittle phase, and its presence is not conducive to the mechanical properties of
the composite. This is probably due to the low preparation temperature, short processing
time, and the existence of Mg. All these factors would restrict the reaction of SiC fiber with
Al. Similar results were also found in the literature [20].

In order to further analyze the distribution of different elements in the SiCf/Al-Mg
composites, the selected areas of SiCf/Al-20Mg composites were examined by EDS surface
scanning, as shown in Figure 4. Figure 4a shows the selected area and Figure 4b–d show
the distribution of each element. It is clear from Figure 4b,c that the Mg co-existed with the
Al element in the same area, implying that Mg was diffused into the Al matrix and formed
a solid solution. This is consistent with the analysis of the XRD pattern (Figure 3). On the
other hand, the distribution of the Si element (Figure 4d) matched with the profile of SiC
fibers and no Si elements were present in the matrix. As a result, this may also indicate that
the reaction between the SiC fiber and the Al matrix during the composites’ fabrication is
not obvious.
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Figure 4. EDS analysis of the SiCf/Al-20Mg composite: (a) SEM image of the selected area; (b) map-
ping of Al element; (c) mapping of Mg element; (d) mapping of Si element.

3.3. Mechanical Properties
3.3.1. Hardness

Figure 5 shows the Vickers hardness of SiCf/Al-Mg composites. The Vickers hardness
of the composites increased with the increase in the mass fraction of Mg.
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Figure 5. Vickers hardness of composites.

The Vickers hardness of the SiCf/Al-20Mg composite was 114.06 HV, which was
35.56% higher than that of SiCf/Al (84.14 HV). Obviously, the addition of Mg could
improve the composite’s hardness due to the solution-strengthening effect [25]. Moreover,
the precipitate phase Al12Mg17 could also play a role of dispersion strength.

3.3.2. Flexural Strength

Figure 6 shows the stress–strain curves of different composites. The SiCf/Al composite
exhibited the best plasticity, and the fracture strain was larger than 1.5% (Figure 6a).
However, for the SiCf/Al-Mg composites, the fracture elongation decreased with the
increase in Mg content. To clarify the effect of the SiC fiber on the mechanical properties of
the composites, Figure 6b shows a comparison of the Al-10Mg alloy and the SiCf/Al-10Mg
composite. The SiCf/Al-10Mg composites showed considerably higher flexural strength
than those of the Al-10Mg alloy, while showing less apparent elongation. This might be
attributed to the strong fiber–matrix interface bonding. SiC fibers are capable of carrying a
large load, but they have a small deformation.
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Figure 6. Mechanical properties of different composites: (a) stress–strain curves of SiCf/Al-Mg
composites; (b) comparison of stress–strain curves between Al-10Mg alloy and the SiCf/Al-10Mg
composite.

Table 2 summarizes the mechanical properties of SiCf/Al-Mg composites. It was
found that the modulus of the SiCf/Al-Mg composites increased with the increase in Mg
content, firstly. Moreover, it remained constant when the Mg content was beyond 10%. The
modulus of the SiCf/Al-20Mg composite was 162.6 GPa, which is 41.6% higher than that
of SiCf/Al. The interfacial bonding between the SiC fibers and the aluminum matrix can
be strengthened by the addition of the Mg element, allowing for the full utilization of the
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SiC fibers’ load-bearing capability [19]. This meant that the composite’s modulus could be
improved by the addition of Mg with a suitable content.

Table 2. Mechanical properties of the SiCf/Al-Mg composites.

Composite Young’s Modulus (GPa) Flexural Strength (MPa)

SiCf/Al 114.8 ± 3.6 309 ± 9
SiCf/Al-5Mg 125.1 ± 1.0 324 ± 12
SiCf/Al-10Mg 161.7 ± 2.0 372 ± 16
SiCf/Al-15Mg 160.3 ± 1.7 331 ± 10
SiCf/Al-20Mg 162.6 ± 5.6 283 ± 19

Compared to our previous work [22], the Young’s modulus of the SiCf/Al composites
was much higher that of the Al matrix composites reinforced with SiCp and Cf when
the volume fraction of reinforcement was similar. Therefore, it can be considered that
the introduction of Mg is conducive to improve the stiffness of Al matrix composites,
with a better damping capacity expected. Again, it can be seen that the load-bearing
capability of the SiC fiber was maximized when the Mg content exceeded 10%, and thus
the modulus did not continue to increase with increasing Mg content. Correspondingly, the
best flexural strength was achieved for the SiCf/Al-10Mg composites with a value of 372
MPa. The SiC fibers were evenly distributed throughout the matrix. The Mg element not
only strengthened the interface bonding, but also the aluminum matrix, thus improving the
flexural strength and the elastic modulus of the composite. However, when the Mg content
was high, the pores started to form, which made the composites more easily breakable
when subjected to external forces.

3.4. Fracture Morphology Analysis

In order to better understand the effect of Mg content on the mechanical properties
of SiCf/Al-Mg composites, the fracture morphologies of SiCf/Al-Mg composites were
examined (Figure 7).
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It could be seen that the fracture surfaces were uneven and the fibers were still
embedded in the matrix, indicating that a strong interface formed between the fibers and
the matrix. When the Mg content was low, some tearing edges, which are the symbol of
ductile facture mode, were observed in SiCf/Al-5Mg, as shown in Figure 7a. When the Mg
mass fraction was 10%, as shown in Figure 7b, it was found that the composite’s fracture
surface presented few dimples, which suggests that the SiC fibers bonded strongly with
the aluminum matrix. The strong interfacial bonding facilitated the transfer of loads. As
a result, the composite exhibited excellent mechanical properties. As seen in Figure 7c,d,
the composite fracture surfaces had porous flaws, which may reduce the mechanical
capabilities of the composites. In particular, the pores were more obvious for the SiCf/Al-
20Mg composite. Such pores would act as defects and cause stress concentration when the
load was applied. If the stress intensity was very high, the cracks would first be initiated
from the defects. Meanwhile, due to a strong interfacial bond between the fibers and matrix,
the cracks’ propagation would not be inhibited and would penetrate directly into the fiber.
As a result, low-stress damage occurred in the composites, as shown in Figure 6.

3.5. Damping Behavior
3.5.1. Damping Capacity at Room Temperature

The damping capacity as a function of strain is depicted in Figure 8. The damping
capacity of all composites exhibited a weak dependence on the strain when it was lower
than 0.001%. And then the damping capacity increased dramatically with an increase in
the strain (higher than 0.001%). At a strain of 0.001%, the Q−1 values of SiCf/Al-5Mg,
SiCf/Al-10Mg, and SiCf/Al-15Mg were around 0.003, respectively, and were about 0.004
for the SiCf/Al-20Mg. At a strain of 0.01%, all of the composites exhibited a Q−1 value
of 0.007~0.011, which was higher than that for the alloys with similar composition [21],
demonstrating that the SiC fiber had a positive effect on improving the damping capacity
of the composite.
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Figure 8. Strain dependence of the damping capacity for the SiCf/Al-Mg composites at room
temperature.

For the metal matrix composites at a low temperature regime, the dominant damping
mechanisms could be associated with the consisting phases and the dislocation in the com-
posite [26,27]. The contribution of the consisting phases to the damping can be described by
the rule of mixing (ROM). The damping values of Al and SiC were 0.003 and 0.001 [19,28],
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respectively. The damping values of the SiCf/Al composite calculated by ROM were less
than 0.003 in most of the test ranges of strain, which was lower than the experimental
ones. This implies that the damping of the SiCf/Al composite should be related to other
mechanisms. The large difference in CTE between the SiC fiber and the Al matrix would
cause the accumulation of thermal stresses during the fabrication process, which would
lead to the creation of dislocations in the matrix. It was considered that the dislocation
also played a role in the damping capacity of SiCf/Al composites at RT. As for dislocation
damping, the Granato–Lücke (G-L) model is widely accepted [29].

According to the G-L model, the dislocation in the material was similar to the elastic
strings pinned in the weak points (such as solution atoms, vacancies, etc.) and the strong
points (such as network nodes of dislocation, grain boundaries, the secondary phases, etc.).
The dislocations sweep these pinning points and dissipate the vibration energy into the
thermal energy irreversibly, which is the reason for the occurrence of dislocation damping.
At a low strain amplitude, most of the dislocations were pinned by the weak pinning points
and only oscillated in a small area, and thus the damping capacity was relatively low. When
the strain reached a certain level, the snow-like breakaway of dislocations from the weak
pinning point would happen. Thus, the area swept by dislocation segments would become
larger. Consequently, when the strain was over a critical value, the damping capacity of the
material increased dramatically with the increase in strain amplitude.

According to the G-L model, at a low strain amplitude, damping is dependent on the
frequency and the strain. The strain-independent damping component symbolized as Q0
can be described by Equation (1), as follows [21]:

Q0~ρLc
4 (1)

where ρ is the mobile dislocation density and Lc represents the average length of the
dislocation segment between weak pinning points.

Mg atoms, as solute atoms, affected the damping capacity of the SiCf/Al-Mg compos-
ites in two main aspects. Firstly, Mg atoms acted as weak pinning points, which hindered
the bowing movement of the dislocations. Secondly, an increase in Mg content led to a
higher dislocation density in the matrix. According to Formula (1), when the strain ampli-
tude is low, the strain-independent damping of the composites depends on the dislocation
density in the matrix and the average distance between weak pinning points. As the Mg
content in the matrix increases, a large number of dislocations are generated in the matrix,
resulting in dislocation density ρ increasing. Meanwhile, the increase in solute atoms in
the matrix will also shorten the average distance Lc of weak pinning points. The strain-
independent damping capacity of the composites will be determined by the combined
effect of these two factors.

From Figure 8, it can be seen that the damping capacity at a low strain amplitude
for the composites with Mg content of 0%, 5%, 10%, and 15% was roughly similar. This
proves that the damping capacity is not significantly affected by the increase in Mg content
through the above-mentioned combined effect. However, it is worth noting that the
strain-independent damping capacity of the SiCf/Al-20Mg composite was significantly
improved compared to other composites. It was suggested by previous research [30] that
the presence and homogeneous distribution of a large number of secondary phases were
beneficial to improve the damping capacity of aluminum alloys at RT, due to the generation
of a large number of movable dislocations around it. In the SiCf/Al-20Mg composite,
abundant Al12Mg17 phases precipitated in the matrix, and were detected by XRD. It is
reasonably believed that the Al12Mg17 phase may make a contribution to the improvement
of strain-independent damping in the SiCf/Al-20Mg composite.

On the other hand, the strain dependent damping component QH conforms to formu-
lae as follows [19]:

Q−1
H =

C1

ε
exp (−C2

ε
) (2)
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C1 =
ρFBL3

N

6bEL2
C

(3)

C2 =
FB

bELC
(4)

where ε represents the strain amplitude; C1 and C2 are constants related to the properties of
a material; ρ signifies the dislocation density; FB is the binding force between dislocations
and weak pinning points; E is the elastic modulus; LC and LN are the average dislocation
distance between the weak pinning points and the strong pinning points, respectively; and
b is the Burger’s vector. Through Equation (2), the formula can be transformed into the
following form:

ln
(
εQ−1

H

)
= lnC1 −

C2

ε
(5)

That is, if the strain-dependent damping of composites follows the G-L model, the
plot of ln

(
εQ−1

H

)
versus 1

ε should be satisfied with a linear relationship. In this work, the

ln
(
εQ−1

H

)
− 1

ε plots obtained from the experiments are presented in Figure 9. It is clear
that the favorable linear fit is exhibited. Hence, G-L theory is conformed for the composites
in this work.
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As the strain amplitude increased, the dislocations gradually began to break away
from the weak pinning points and only engaged in a bowing motion within strong pinning
points. From Formula (2), it can be seen that the strain-dependent damping increased
with the average distance between the strong pinning points. For SiCf/Al-Mg composites,
when the SiCf content was constant, the distance between the strong pinning points was
mainly dependent on the grain size of the matrix. However, an increase in Mg content
would reduce the grain size of the matrix [31], thereby reducing the strain-dependent
damping capacity of the composite. In the current work, for SiCf/Al-5Mg, SiCf/Al-10Mg,
and SiCf/Al-15Mg composites, the dominant reason for the damping reduction could be
attributed to the grain size refinement, as shown in Figure 8. However, the SiCf/Al-20Mg
still exhibited a higher damping capacity than that of the SiCf/Al composite. This might be
attributed to the effect of the second phase, mentioned earlier on, enhancing the damping
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mechanisms. In addition, a certain amount of flaws contained in SiCf/Al-20Mg composites
may also contribute to the enhanced damping capacity.

3.5.2. Damping Capacity at Elevated Temperatures

Figure 10 shows the temperature-dependent damping capacity of the SiCf/Al-Mg
composites. Obviously, the damping capacity for all composites exhibited a tendency for
monotonic increase with the testing temperature. Such a phenomenon was also observed
in other works [32–34]. Furthermore, the damping capacity of SiCf/Al-Mg composites is
lower than that of SiCf/Al and shows no significant increase until 200 ◦C. This may be
attributed to the second phase, which formed more strong pinning points and increased
the dislocation energy needed to break away from new pinning points.
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Furthermore, there was no evident damping peak in the curve of composites with low
Mg content. Notably, SiCf/Al-15Mg exhibited one damping peak at 130 ◦C and SiCf/Al-
20Mg exhibited two damping peaks at 165 ◦C and 262 ◦C, respectively. According to
a previous work [31], the damping peak in metal matrix composites appearing at low-
temperature regimes was associated with dislocation damping, while it was explained
by grain boundary damping and interface damping mechanisms at high-temperature
regimes (>200 ◦C). It was found that Mg introduction could decrease the stacking fault
energy markedly and create dislocations and stacking faults in the Al matrix [21]. Thus, the
occurrence of the damping peaks in SiCf/Al-15Mg and SiCf/Al-20Mg composites could be
associated with the increase in the dislocation density caused by the high Mg content. The
dislocation was the source of the damping capacity.

Moreover, the introduction of Mg refined the grain size of the matrix and led to an
increase in the grain boundary area. When the temperature rose up to a high level, a
softening of the matrix happened and viscous sliding between grain boundaries occurred.
The grain boundary sliding dissipated more friction energy into thermal energy and led to
a pronounced increase in the damping capacity, as well as the formation of a damping peak.
It was also found in Figure 10 that the damping capacity increased with increasing Mg
content when the temperatures were below 200 ◦C and above 300 ◦C. Based on the above
analyses, the increase in the damping capacity of composites with Mg content with a low-
temperature regime might be associated with the increased dislocations and stacking faults;
the increase in the damping capacity of composites with Mg content at high-temperature
regimes might be driven by the increased grain boundary area.
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4. Conclusions

SiC-fiber-reinforced Al-Mg matrix composites with various levels of Mg content are
fabricated via combining colloidal dispersion with a squeeze melt infiltration process. The
effect of Mg content on the mechanical properties and damping capacity are investigated.
The results are summarized as follows:

(1) SiCf/Al-Mg composites exhibit a homogeneous distribution of SiC fibers and a high
relative density (higher than 97%) when the mass fraction of Mg is less than 20%. Mg
could dissolve into the Al matrix, forming the Al12Mg17 precipitate phase. Fibers are
well bonded with the Al-Mg matrix and no obvious reactive phase is present at the
fiber–matrix interface.

(2) The Vickers hardness of the composites increases with increasing Mg content, and
the highest value is 114.06 HV for SiCf/Al-20Mg, which is 35.56% higher than that
of SiCf/Al. The enhanced hardness relates to the strengthening effect caused by the
introduction of Mg.

(3) SiCf/Al-10Mg has the best flexural strength and elastic modulus, 372 MPa and
161.7 GPa, but the fracture elongation of the composites decreases with the increase in
Mg content. This could be attributed to the strengthened interfacial bonding by the
introduction of the Mg element.

(4) The damping capacity of SiCf/Al-Mg shows a weak dependence on the strain when
the strain amplitude is lower than 0.001%. And then the damping capacity increases
dramatically with an increase in the strain (higher than 0.001%), which is better than
the alloys with similar composition, demonstrating that the SiC fiber has a positive
effect on improving the damping capacity of the composite.

(5) The temperature-dependent damping capacity of the SiCf/Al-Mg composites reveals
that all composites exhibited a tendency towards monotonic increase with testing
temperature. Such an increase is more obvious at temperatures beyond 200 ◦C. This is
attributed to the second phase, which forms more strong pinning points and increases
the dislocation energy needed to break away from new pinning points.
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Abstract: In response to the rapid development of high-performance electronic devices, diamond/Al
composites with high thermal conductivity (TC) have been considered as the latest generation of
thermal management materials. This study involved the fabrication of diamond/Al composites
reinforced with Ti-coated diamond particles using a liquid–solid separation (LSS) method. The
interfacial characteristics of composites both without and with Ti coatings were evaluated using SEM,
XRD, and EMPA. The results show that the LSS technology can fabricate diamond/Al composites
without Al4C3, hence guaranteeing excellent mechanical and thermophysical properties. The higher
TC of the diamond/Al composite with a Ti coating was attributed to the favorable metallurgical
bonding interface compounds. Due to the non-wettability between diamond and Al, the TC of un-
coated diamond particle-reinforced composites was only 149 W/m·K. The TC of Ti-coated composites
increased by 85.9% to 277 W/m·K. A simultaneous comparison and analysis were performed on the
features of composites reinforced by Ti and Cr coatings. The results suggest that the application of the
Ti coating increases the bending strength of the composite, while the Cr coating enhances the TC of
the composite. We calculate the theoretical TC of the diamond/Al composite by using the differential
effective medium (DEM) and Maxwell prediction model and analyze the effect of Ti coating on the
TC of the composite.

Keywords: diamond/Al composite; liquid–solid separation (LSS); Ti coating; interfacial bonding;
bending strength; thermal conductivity

1. Introduction

The advent of advanced electronic devices such as insulated gate bipolar transistors
(IGBTs), phased array radars, and high-power solid-state lasers has escalated the heat flux
per unit area generated by chip computing, necessitating efficient heat dissipation for stable
operation [1–3]. Higher TC than existing thermal management materials (such as Invar,
Cu/W, Si/Al, SiC/Al, etc.) is needed to meet the urgent heat dissipation requirements
of large-scale integrated circuits [4,5]. Although the TC of pure Al can reach 237 W/m·K,
this is sufficient for conventional electronic packaging environments. But the coefficient
of thermal expansion (CTE) of Al is 23.0 × 10−6/K, which is too large to match that of
the chip (i.e., 4.0~7.0 × 10−6/K) [6]. This mismatch causes stress between the packaging
material and the chip when the temperature changes, causing damage to the computing
components [7]. The diamond with the CTE of 1.0~3.0 × 10−6/K [8] composited to the
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Al matrix to perfectly match the CTE of the chip. Diamond/Al composites emerge as
promising candidates for advanced thermal management due to their matching CTE,
superior TC, and low density [9,10].

However, the significant disparity in the physical and chemical characteristics between
diamond particles and the Al matrix poses a challenge, leading to interface incompatibility
that significantly reduces the TC of diamond/Al composite [11,12]. Furthermore, in conven-
tional preparation methods (such as powder metallurgy [13], gas pressure infiltration [9],
vacuum pressure infiltration [14], vacuum hot pressing [15], and spark plasma sinter-
ing [16]), the interface of the two phases inevitably produces Al4C3 under high-temperature
or long-term contact conditions [9,13–16]. The presence of Al4C3 at the interface not only
significantly decreases the TC of the composite [17] but also restricts its application due to
the hydrolytic nature of Al4C3 [9,18]. Previously, it was believed that the diamond surface
coating could enhance the interface bonding between the diamond and Al, improve TC,
and avoid the formation of Al4C3. However, it has recently been found that even with
an intact diamond coating, minor variations in preparation parameters could lead to the
formation of Al4C3 [18]. Therefore, in order to ensure the stability of thermal management
materials, the preparation method and process parameters must be strictly optimized
and controlled.

An LSS technology has been developed based on the principles of powder metallurgy
and semi-solid thixoforming [19,20], which has garnered significant attention. Character-
ized by a low heating temperature and brief holding time, LSS technology prevents the
formation of Al4C3 with deteriorating properties at the interface [21]. Additionally, by
leveraging the differential flowability of solid and liquid phases under stress, LSS enables
the fabrication of diamond/Al composite shells with a graded distribution of diamond
particles and thermophysical properties [22]. This graded distribution addresses the spe-
cific needs of different parts of the shell, enhancing the thermal stability of the integrated
circuit module.

The TC of diamond/Al composites is primarily influenced by the interface bonding
between the Al matrix and diamond particles. Impurities, holes, and other defects at the
interface can induce phonon-boundary scattering, reducing the mean free path of phonons
and then deteriorating the TC of the composite [4]. Diamond coating represents a cost-
effective and efficient modification method, acting as a bridging agent between diamond
and Al [23]. Our previous studies have explored the use of various coating layers, such as
Cu [19], Ni [20], and Cr [21], to enhance interfacial bonding in LSS-fabricated diamond/Al
composites. Recent studies show that Ti coating, a carbide-forming element, is adapted to
form an interfacial layer between the matrix and reinforces and strengthens the interfacial
bonding [24,25]. However, the influences of Ti coating on the mechanical properties and
TC of diamond/Al composite fabricated by the LSS process have not been explored yet. In
addition, there are no detailed studies to analyze the effects of composites fabricated with
different coatings on bending strength.

This study employed vacuum ion plating to deposit a Ti coating on the surface of
diamond particles, utilizing LSS to fabricate diamond/Al composites with a reinforcement
phase volume of 40%. The interfacial characterization, corresponding bending property,
and TC of the diamond/Al composites have been improved by the Ti coating. The the-
oretical TC of the diamond/Al composite was calculated using the DEM and Maxwell
prediction model.

2. Materials and Methods
2.1. Materials

For this study, industrial-grade Al powder with a 99.81% purity (by mass) and an
average particle size of 37 µm (Zhengzhou Aerospace Aluminum Co., Ltd., Zhengzhou,
China) was used. Additionally, MBD-4 grade synthetic single-crystal diamond particles
with an average size of 106 µm (Henan Huanghe Whirlwind Co., Ltd., Changge, China)
were selected as the primary raw materials. The preferred alternative for diamond/Al
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composite interface layers is a nanoscale coating layer with high sound velocities, such as
Ti, Cr, and other metals [26]. With the increase in coating thickness, the tensile, compressive,
and bending strength of diamond/Al composites gradually increase [4], but the TC of the
composite increases first and then decreases [27]. On the premise of improving the interface
bonding, the coating thickness should be as low as possible to reduce the interface thermal
resistance [24]. However, it is difficult to control the layer thickness below 50 nm. The
investigation involved the purchase of Ti-coated diamond particles that were manufactured
utilizing the vacuum ion plating process. Based on the expected duration of the coating
process, the thickness of the Ti coating was approximately 100 nm.

2.2. Fabrication of Diamond/Al Composites

The volumetric fraction of diamond in this composite was 40%. Figure 1 depicts
a schematic diagram illustrating the LSS process. The experimental procedure can be
articulated as follows: Initially, the diamond particles and Al powder were mixed in a 1:4
volume ratio for 8 h using a Turbula Shaker/Mixer (Model T2C, Glen Mills, PA, USA) to
ensure uniform distribution. Furthermore, the homogenously mixed powder was placed
into a mold and subjected to compression to form a blank using a cold-pressing technique
in a four-column press (Model YQ28-100, Wodda, Zaozhuang, China) at a pressure of
300 MPa for 1 min. The blank measured 6.6 × 38 × 48 mm. Subsequently, the blank was
moved to a custom-made LSS mold system and heated until it reached a stage where the
liquid and solid components were blended and melted together. The detailed heating
process was as follows: the mixture was initially heated at a rate of 20 ◦C/min to 450 ◦C
and held for 20 min, and then heated for a second time at the same rate to 683 ◦C, where
it was maintained for 40 min. In the fourth step, the molten metal was squeezed into the
liquid chamber via the 2 mm LSS channel using a piston under a pressure of 60 MPa, and
the diamond particles were completely trapped in the LSS chamber. Ultimately, under the
action of cooling water, the slurry in the LSS chamber solidified layer by layer to form a
diamond/Al composite with a dimension of 3 × 40 × 50 mm. Throughout the LSS process,
hydrogen gas was employed to prevent the oxidation of the Al powder.
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2.3. Characterization

The diamond/Al composites underwent processing using a laser cutting machine and
a diamond wheel grinder. The three-point bending strength of the composites with a dimen-
sion of 3 × 4 × 25 mm was examined by an RGM-3010 electronic universal testing machine
(Shenzhen, China) at room temperature. The morphologies of the diamond particles, the
surface structure, and the three-point bending fractography of the diamond/Al compos-
ites were observed by an EVO-18 scanning electron microscope (SEM, Zeiss, Oberkochen,
Germany). The distributions of elements across the coating were determined by a JXA-
8230 electron microprobe analyzer (EMPA, JEOL, Tokyo, Japan). The phase composition
of the composites was certified by an Advance D8 X-ray diffractometer (XRD, Bruker,
Saarbruecken, Germany) using Cu Ka radiation at 40 kV and 35 mA. The 2θ scans were
executed between 20◦ and 80◦ at a scanning speed of 4◦/min. In addition, the presence
of Al4C3 was further confirmed by careful scanning between 30◦ and 45◦ at a scanning
speed of 0.25◦/min. Impurity elements such as N, H, and B are often present in diamond
particles, with N being the most common. The N content of diamond particles was evalu-
ated by a Nicolet iN10 MX Fourier transform infrared spectrometer (RTIR, ThermoFisher,
Waltham, MA, USA). The thermal diffusion (α) of the composites with dimensions of ϕ
12.7 × 3 mm was measured by an LFA laser flash thermophysical machine (Netzsch, Selb,
Germany) at room temperature. The TC value of composites was obtained by an equation:
TC = ρ × α × Cp, where ρ (density) was determined by the Archimedes principle and Cp
(specific heat capacity) was obtained based on the theoretical calculation. The Cp of the
composite is equal to the respective Cp of the matrix and reinforcement phase multiplied
by the corresponding volume fractions.

3. Results and Discussion
3.1. Microstructure of Diamond/Al Composites

The morphologies of the diamond particles without or with Ti coating are shown
in Figure 2. Figure 2a,b illustrates the presence of partially fragmented particles in both
types of diamond particles, and Figure 2c,d demonstrates the surface defects (shown by
blue arrows) of the diamond particles that have been entirely covered by Ti coating. The
metal coating could diffuse into the Al matrix and then form intermetallic compounds
with Al, confirmed in diamond/Al with a TiC coating [26]. The Ti coating can improve the
interfacial bonding force and enhance the interface conductivity, which is an effective way
to fabricate diamond/matrix composites with high TC.
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3.2. Microstructure of Diamond/Al Composites

The microstructure of the diamond/Al composite fabricated by LSS technology is
presented in Figure 3a. The synthetic diamond particles without Ti coating were uniformly
distributed in the Al matrix, and no spalling of diamond particles was viewed. However,
the microstructure of the composite cannot elucidate the behavior of interfacial bonding.
Figure 3b displays the microstructure of the separated liquid phase. It can be seen that
no diamond particles were discovered in the separated liquid phase, indicating the LSS
channel can eliminate the spillover of diamond particles. This also verifies that the LSS
technology can precisely fabricate diamond/Al composites with varying volume fractions
of reinforcement phase by adjusting the size of the LSS chamber and liquid chamber (as
depicted in Figure 1).
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rated liquid phase.

Fractography can determine whether the bonding state at the interface is of a me-
chanical or metallurgical nature. Figure 4 shows the fractography of the diamond/Al
composites under three-point bending testing, both with and without Ti coating. The plasti-
cally deformed Al matrix exhibited network-like dimples on the fracture surface, which is a
typical ductile behavior of pure metals. In the area denoted by the green arrows, part of the
diamond particles were unwrapped by the Al matrix, indicating a weak interfacial bonding
strength between the diamond and Al. However, in the area specified by the red arrows,

37



Materials 2024, 17, 1485

the Al of the composite was not fully covered with the diamond particles, resulting in the
formation of a gap. The gap, i.e., the arch bridge phenomenon, hinders the transmission
of phonons at the interface between the matrix and reinforcement, reducing the TC of the
composite [4,28]. By comparing Figure 4a,b, it can be seen that the Ti coating on the dia-
mond surface can effectively reduce the phenomenon of unwrapping and gaps, increasing
the interface bonding strength of the diamond/Al composite, which also improves the
relative density of the composite. Ti coating can improve the interface bonding state of
diamond/Al composites, which is consistent with the results of fractography of composites
prepared by an alternative method [25]. High relative density is a prerequisite for obtaining
diamond/Al composite materials with high TC [13,16].
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3.3. Interfacial Characteristics of Ti-Diamond/Al Composites

Figure 5 shows the distribution of interfacial elements in the diamond/Al compos-
ite with Ti-coated diamond particles using EMPA. Due to the limited solid solubility of
diamond and Al to dissolve into each other, an interdiffusion area of approximately 8 µm
was generated, as shown in the red line area in Figure 5b. The Ti coating on the surface of
diamond particles diffused toward the Al side, demonstrating that metallurgical bonding
has been formed in the interface region between diamond and Al, which enhances the
performance of the composites [21,23].
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Figure 6 manifests the XRD patterns of the diamond/Al composite with Ti-coated
diamond particles. The patterns were obtained in different diffraction angle ranges at
a scanning speed of 4 and 0.25◦/min. Figure 6a demonstrates the formation of Al3Ti,
Al2Ti, Al5Ti3, and Ti9Al23 intermetallic compounds in the diamond/Al composite with
Ti-coated diamond particles, which results from the long-term reaction between Ti coating
and Al matrix at the fabrication temperature during the LSS process. The intermetallic
compounds tightly connect the Al matrix with diamond particles, improving the bonding
strength between the Al and diamond phases [21,25]. Figure 6b indicates that the Al4C3
phase was not detected even at the scanning speed of 0.25◦/min. Additionally, a trace
peak of Al2O3 was discovered, which can be attributed to the oxidation of the composite
during the storage. A continuous and well-bonded interfacial structure without the Al4C3
phase is the key to improving the TC and stability of diamond/Al composites [18]. The
EMPA and XRD confirm that Ti coating on the diamond surface is conducive to forming a
well-bonded interface.
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3.4. Bending Strength of Diamond/Al Composites

Figure 7 compares the relative density and bending strength of the diamond/Al com-
posites fabricated by the LSS process in this study and those reported in the literature [21].
Compared with uncoated diamond/Al composites, the relative density of Ti-diamond/Al
composites increased from 97.22% to 98.08% with a growth rate of 0.88%, and the bending
strength increased from 97.46 MPa to 142.54 MPa with a growth rate of 46.25%. Mean-
while, the bending fractography in Figure 4 shows that a more interfacial gap is observed
between the uncoated diamond and the Al matrix. The separation occurs due to the sig-
nificant disparity in the CTE between diamond (1.0 × 10−6/K) and Al (23.0 × 10−6/K)
when undergoing the cooling process. Therefore, the low relative density of uncoated
diamond/Al composites is attributed to the abundance of gaps surrounding the diamond
particles. In other words, the Ti coating plays a vital role in promoting interfacial bonding
and improving mechanical properties. Furthermore, certain studies have demonstrated
that a thick Ti coating can effectively establish a strong bond between the diamond particles
and the Al matrix, hence enhancing the composite interface [25]. By comparing Figure 7,
it can also be seen that in the diamond/Al composites prepared by the LSS technology,
the bending strength and relative density of the Ti coating on the diamond surface are
better than those of the Cr coating. The CTE of Ti is 10.8 × 10−6/K, whereas that of Cr
is 6.2 × 10−6/K. Compared with the Cr coating, the Ti coating, as an intermediate layer,
can better buffer the difference in CTE between the diamond and Al matrix, further re-
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ducing gaps and increasing the relative density of the diamond/Al composite. Therefore,
Ti-coated diamond/Al composites have superior bending strength compared to Cr-coated
diamond/Al composites.
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3.5. Thermal Conductivity of Diamond/Al Composites

Figure 8 illustrates the TC of the diamond/Al composite both without and with Ti
coating. The lack of wetting capacity between the diamond and the Al matrix results in
a TC of only 149 W/m·K in uncoated diamond particle-reinforced Al matrix composites.
In contrast, the TC of Ti-coated diamond/Al composites exhibited a significant increase
of 85.9%, reaching a value of 277 W/m·K. Ti coating can significantly improve the inter-
facial bonding between diamond and Al, leading to an increase in the TC of composites,
which is consistent with other study results [24]. It is worth noting that the TC of the
Ti-diamond/Al composite is lower than that of the Cr-diamond/Al composite prepared
by the same method [21]. This difference in TC could be the reason why the interfacial
products of the Ti-diamond/Al composite are more intricate, as evidenced by the detec-
tion of intermetallic compounds using X-ray diffraction (XRD) in Figure 6. The complex
intermetallic compounds incorporated extra interface layers that act as thermal boundary
barriers. So, the interfacial thermal conductance (ITC) and TC of Ti-coated diamond/Al
composites decrease significantly with the increase in the thickness of the intermetallic
layer, which is due to the very low TC of the intermetallic layer generated by Ti and Al [26].
The thickness of the intermetallic layer reached 8 µm in this study, as shown in the red
line area in Figure 5b. In addition, Cr coating has a greater sound velocity compared to Ti
coating, which is also the reason for the higher TC of its composite [26]. The interfacial bond
between diamond and Al can be improved by the appropriate thickness of the intermetallic
layer, which enhances the TC of the composite. However, an excessively thick intermetallic
layer with low TC increases the interfacial thermal resistance and thus reduces the TC of
the composite [29]. Therefore, it is imperative to meticulously regulate the thickness of the
intermetallic layer.
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3.6. Theoretical Thermal Conductivity of Diamond/Al Composites

The heat transfer between metal and non-metal phases depends on the coupling effect
of electrons (on the metal side) and phonons (on the non-metal side) [30]. The presence
of impurities, holes, and other defects at the interface between the two phases would
cause phonon scattering, leading to a reduction in the mean free path of phonons and thus
deteriorating the TC of composites [4]. The DEM (differential effective medium) [31] and
Maxwell [32] are widely used in the TC prediction for the diamond/Al composites by
comprehensively considering many factors, such as ITC and acoustic mismatch theory [33].
These models can be expressed as

(
TC

TCm
)

1
3
(1 − Vd) =

TCeff
d

TCm
− TC

TCm

TCeff
d

TCm
− 1

, (1)

TC =
TCm × [2 × TCm + TCeff

d +2 × (TCeff
d − TCm) × Vd]

2 ×TCm + TCeff
d − (TCeff

d − TCm) × Vd
, (2)

where TCm and TCeff
d are the TC of the Al and the effective TC of the diamond, respectively,

and Vd is the volume fraction of diamond particles. Considering the influence of ITC and
diamond particle size on the TC of reinforcement, TCeff

d can be calculated as

TCeff
d =

TCin
d

1+ TCin
d

r × ITC

, (3)

where r and TCin
d are the average radius and TC of single-crystal diamond particles, respec-

tively. The TCin
d of the synthetic single-crystal diamond has a linear relationship with its N

element content and decreases with the increase in N content ([N]) [34,35]. According to
the equation (i.e., [N] = 5.5 × 25 × A1130/A2120), the N content can be estimated from the
intensity ratio of the relative absorption coefficient (A) [36]. Figure 9 shows the intensity
of the absorption peak at wavenumbers of 1130 and 2120/cm. The N content of diamond
particles used in this experiment was about 330 ppm, and the TC of diamond was about
1121 W/m·K, according to the equation (TCin

d = 2200 − 3.27[N]) [34].
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Then, the ITC between the Al matrix and diamond particles can be described as

ITC =
1
4
× ρm × cpm × CDm × η1−2, (4)

where ρm, cpm, and CDm are the mass density, specific heat capacity, and sound velocity
for the matrix. Then, η1−2 is the average transmission coefficient of phonons across the
interface from Al to diamond, which can be denoted as

η1−2 =
2 × Zm × Zd

(Zm + Zd)
2 × (

CDm

CDd
), (5)

where Zm and Zd are the phonon impedance (according to the equation: Z = ρCD) for the
matrix and reinforcement, respectively, and CDd is the sound velocity for the reinforcement.
The sound velocity of the matrix and the reinforcement can be calculated according to the
Debye sound velocity (CD), and the theoretical calculation can be established as

CD =
1√

1
2 × ( 1

C2
l
+ 1

C2
t
)

, (6)

where Cl and Ct are longitudinal phonon velocity and transversal phonon velocity, respec-
tively. Table 1 represents the physical parameters of raw materials for calculation in this
study. Inputting the data into Equations (1) and (2) calculates the theoretical TC of DEM
and Maxwell as 389 and 382 W/m·K, respectively, and the measured values reach 71.2 and
72.5% of the theoretical values, respectively. The effect of coating on interfacial bonding
leads to the improvement of the TC of the composite. However, the TC of the composite is
still far from the theoretical models of DEM and Maxwell due to the intrinsic interfacial
thermal resistance of the coating.

Table 1. Physical parameters of raw materials [32,37,38].

Material
Phonon Velocity

CD (m/s) ηl−2
ITC

(W/m2·K)
cp (J/g·K)

Cl (m/s) Ct (m/s)

Al 6240 3040 3865
0.019 4.43 × 107 0.895

Diamond 20,000 12,300 14,817 0.500
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Possible factors contributing to the substantial discrepancy between the actual mea-
sured values and the calculated values of thermal conductivity are as follows: (i) The
theoretical model is based on the premise that diamond particles are spherical, while in real-
ity, high-quality diamond particles are hexoctahedrons, and the shape factor will reduce the
interfacial heat transfer coefficient. (ii) The effect of Ti coating on diffusion rate is neglected
in the calculation of ITC. (iii) The intermetallic compounds formed at the interface with
low intrinsic TC deteriorate the interfacial thermal resistance of the composite. (iv) The
theoretical model does not consider the effect of internal defects on the TC of the composite,
and internal defects are the inevitable structure of the composite.

4. Future Research Directions

The design of the thermal conduction path at the interface between matrix and rein-
forcement will directly affect the TC property of the diamond/Al composites. The metal
matrix alloying method has been proven to be able to utilize the diffusion dynamics of
matrix alloy elements to build parallel structural carbides, reducing the interface thermal
resistance [39]. However, the alloying elements in the matrix act as additional interface
thermal resistance, which offsets the effect of part of the parallel structure in reducing the
total thermal resistance. Diamond coating is the only second interface modification method
in this field. How to synthesize discontinuous metal coating in situ on the diamond surface
and then prepare composites with parallel structure thermal conduction paths is the future
development direction.

5. Conclusions

The independently developed liquid–solid separation (LSS) technology has been
applied to prepare 40 vol.% diamond particle-reinforced diamond/Al composites. The
interfacial characteristics, bending strength, and thermal conductivity (TC) of the dia-
mond/Al composites without and with a thickness of 100 nm of Ti coating were evaluated
comprehensively. The main conclusions can be summarized as follows:

(1) The LSS technology, characterized by its low heating temperature and short holding
time, prevents the formation of Al4C3 at the interface of diamond/Al composites,
hence preserving their mechanical and thermophysical properties.

(2) The inclusion of Ti coating formed Al3Ti, Al2Ti, Al5Ti3, and Ti9Al23 intermetallic
compounds, resulting in metallurgical bonding between diamond and Al, improving
the interfacial bonding strength and TC of the diamond/Al composites.

(3) The TC increased from 149 W/m·K for the diamond/Al composite to 277 W/m·K
for the diamond/Al composite with Ti-coated diamond particles, with a growth rate
of 85.9%.

(4) A comparison of the present Ti coating composite with previously reported Cr coating
composite was performed on the features. The application of the Ti coating can
increase the bending strength of the composite, while the Cr coating can enhance the
TC of the composite.

(5) The Ti coating promotes interfacial bonding but also introduces extra interfacial thermal
resistance. Combined with the idealization of the model design, results for TC reached
only 71.2% with the DEM model and 72.5% with the Maxwell model, respectively.
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Abstract: Composite materials prepared via laser cladding technology are widely used in die produc-
tion and other fields. When a composite material is used for heat dissipation and heat transfer, thermal
conductivity becomes an important parameter. However, obtaining effective thermal conductivity of
composite materials prepared via laser cladding under different parameters requires a large number
of samples and experiments. In order to improve the research efficiency of thermal conductivity
of composite materials, a mathematical model of Cu/Ni composite materials was established to
study the influence of cladding-layer parameters on the effective thermal conductivity of composite
materials. The comparison between the model and the experiment shows that the model’s accuracy is
86.7%, and the error is due to the increase in thermal conductivity caused by the alloying of the joint,
so the overall effective thermal conductivity deviation is small. This study provides a mathematical
model method for studying the thermodynamic properties of laser cladding materials. It provides
theoretical and practical guidance for subsequent research on the thermodynamic properties of
materials during die production.

Keywords: mathematical modeling; thermal conductivity; heat transfer material; laser cladding

1. Introduction

The utilization of multiple material structures to create composite materials with
diverse material properties has proven to be a valuable approach for enhancing material
characteristics and tailoring them to specific requirements [1]. These solutions offer nu-
merous advantages and have found widespread applications in the aerospace industry [2].
Laser cladding is a technology in which the metal surface is melted by using a high-energy
laser beam to form a molten pool, and the metal powder is deposited on the metal surface
under the action of laser energy. The resulting clad layer exhibits unique properties influ-
enced by various parameters, including laser power, scanning speed, and cladding process
parameters [3–8].

Laser cladding can produce high-hardness and wear-resistant coatings with long-
term stability [9–11]. Research shows that laser cladding technology can improve the
service of coatings in high-temperature and other harsh environments [12]. This method
has great value and significance for manufacturing reinforced coatings on the surface of
high-thermal-conductivity materials.

A significant advantage of laser cladding lies in its ability to rapidly produce cladding
layers with varying thicknesses and compositions. However, determining the effective
thermal conductivity under different material thicknesses necessitates a substantial number
of samples and experiments [13]. While past research on laser cladding has primarily
focused on enhancing mechanical and wear properties, the evaluation and prediction of
thermal conductivity in laser-clad composites has received relatively limited attention [14].
Reliable prediction of effective thermal conductivity is an important aspect of material
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design strategy for key engineering applications [15,16]. Therefore, establishing a thermal
resistance digital model of composites fabricated via laser cladding will become a prelimi-
nary but key step for the rapid selection of cladding-layer materials and process parameters
to achieve efficient composite design in the future.

The existing literature shows that the thermal conductivity models of composites
can be roughly divided into three types: empirical models, finite element models, and
theoretical models. Empirical models are mostly applied to mixed materials that cannot be
combined into compounds. Yang et al. [17] prepared different test blocks of rubber sand
composites through different proportions and particle sizes for multiple series of thermal
conductivity tests, normalized them, and established a prediction model. The prediction
model established by this method had good accuracy. Finite element models are mostly
used in composites with complex three-dimensional structure models. Yan et al. [18] built
a model of uranium dioxide (UO2)/silicon carbide (SIC) composite by connecting the
grains of the two materials with different proportions randomly generated by a computer,
and calculated and analyzed its effective thermal conductivity using the finite element
method (FEM). The model managed to reduce the design speed and costs. Most of the
theoretical models are applied to three-dimensional structural composites with certain
rules. Fang He et al. [16] proposed a thermal conductivity model of aerogel-filled thermal
insulation composites. According to the dispersion of aerogel particles, the discrete model
of aerogel composites was established to generate gaps and holes, and the corresponding
thermal conductivity was derived. In a study by Witold weglewski et al. [19], the relation-
ship between a coating material and its thermal conductivity was modeled using the finite
element method (FEM) and variational asymptotic method (VAM). Using micro-CT model-
ing technology, the microstructure of the composite was used to generate the finite element
mesh model, and the thermal conductivity of the composite was calculated according to
the model results.

Compared with theoretical models, it can be seen that empirical models and finite
element models have strong generality for the prediction of the thermal conductivity of
composite materials. The disadvantage is that when used in similar composite materials,
these models need to be reestablished according to the material properties. A finite element
method model is slow to establish, and the modeling time is long; the universality of
empirical formula is poor, and repeated tests are needed for different materials.

Considering the above problems, laser-clad composites have structural solid simi-
larities. This project aims to develop a theoretical model to rapidly predict the effective
thermal conductivity of copper/nickel gradient materials. The model considers the thermal
conductivity of dissimilar materials and the cladding layer’s thickness. The effects of
different parameters on the thermal conductivity of composites were verified by means
of model prediction and experimental comparison. Using the established general model,
the influence of key parameters on the effective thermal conductivity of composites pre-
pared via laser cladding was studied, which has theoretical significance for guiding the
parameter design of laser-clad composites, improving the design speed, and reducing the
development cost.

2. Physical Model of Composites

The structure of laser-clad composite materials has a certain degree of regularity. To
accurately predict the effective thermal conductivity of composite materials, their structure
is examined. The light source energy of laser cladding is Gaussian distributed [20], which
is explained by the Gaussian heat source model shown in Figure 1 [21]. In this model, the
heat source energy is distributed in a circular plane according to a Gaussian function, and
calculated by using Equation (1):

q(x, y) =
ηQ

2πr2 exp(
x2 + y2

2r2 ) (1)
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where q(x, y) is the density of heat flux at the coordinate point; η is the rate of laser energy
absorption by the surface of the material; Q is the laser light source’s output; and r is the
radius length of the laser source.
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Figure 1. Gaussian-distribution diagram.

The surface of metal materials absorbs energy to melt and combine with the metal in
a short period of time. Under the action of a Gaussian-distributed laser light source, the
surface area of the joint after laser cladding can be approximated as a Gaussian distribution.
As shown in Figure 2, the periodic structure generated plays a crucial role in the heat
conduction of composite materials. A periodic composite material structure model was
proposed for the convenience of calculation to predict the effective thermal conductivity of
composite materials.
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In this figure, A represents the length of the composite material; B represents its
width; H represents the composite element model’s total height; S represents the distance
between adjacent laser claddings; R is the radius of the laser’s light source cladding; ha
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is the thickness of the cladding layer’s material; hb is the height of the first laser cladding
layer; and (b) is the composite element model.

The uppermost layer comprises the surface cladding material, while the intermediate
layer is the bonding layer. The function of the cladding material’s connection to the
substrate is the Gaussian distribution of the formula f (x) = hbexp (−x2/(0.5r)2 ). The
overall distribution model of composite materials is (b).

3. Effective Thermal Conductivity Model of Composites

A thermal conductivity model of composite materials prepared via laser cladding is
investigated in this paper. The principal research factors are defined as the cladding-layer
characteristics, process parameters, and structural characteristics. Considering the model’s
precision and the need to reduce the calculation’s complexity, the following parameters are
simplified:

1. The interior of metal is uniform and devoid of cavities.
2. During laser cladding, the alloying of two dissimilar alloy materials is disregarded.
3. The material’s surface is polished and evaluated after preparation; therefore, the oxide

layer is not considered, and the thermal resistance of the interface is not accounted for
in the calculation.

4. The element model is a cross-section perpendicular to the direction of laser cladding.

3.1. Model of Element

Figure 3 depicts the composite element model clad in laser; s is the distance between
two element models, and they overlap. The composite material consists of three distinct
components. The first component is the cladding layer, the second is the cladding layer’s
bonding position, and the third is the base material. Under the same material, it is presumed
that temperature is linearly distributed in a single effective conduction direction [16]. The
effective actual cell width is determined as follows:

L = 2l = 2r − s (2)

where r is the radius of the laser cladding, s is the distance between adjacent laser claddings,
and l is half the effective unit length. At the intersection, according to the previously
established boundary approximation curve f (x),

f (x) = hb · e
−x2

(0.5r)2 (3)

Materials 2023, 16, x FOR PEER REVIEW 5 of 16 
 

 

 
Figure 3. Composite material unit model. 

Since the model’s contact surface is a Gaussian function, the joint surfaces are non-
parallel. To accomplish the purpose of calculating the equivalent thermal calculation, it is 
subdivided vertically into a number of small ideal elements. When the difference is negli-
gible, it may be considered parallel. Figure 4 depicts this. In this investigation, it is divided 
symmetrically along the 𝑌 axis into two regions that are considered to have parallel ther-
mal resistance. The final result will incline toward a value as the regional mean fraction 𝑃 
increases. 

  

Figure 4. Unit model is divided into multiple parallel thermal resistance regions. 

According to the thermal resistance calculation formula, the equivalent thermal re-
sistance of the unit model is calculated as follows: ଵோ = 2 ⋅ ൬ ଵோభ + ଵோమ +. . . . . . + ଵோషభ + ଵோ൰  (4)𝑅 is the total equivalent thermal resistance of the unit, and Figure 5 illustrates the 
small ideal unit model after equalization. 

Figure 3. Composite material unit model.

49



Materials 2023, 16, 7360

Since the model’s contact surface is a Gaussian function, the joint surfaces are non-
parallel. To accomplish the purpose of calculating the equivalent thermal calculation, it
is subdivided vertically into a number of small ideal elements. When the difference is
negligible, it may be considered parallel. Figure 4 depicts this. In this investigation, it is
divided symmetrically along the Y axis into two regions that are considered to have parallel
thermal resistance. The final result will incline toward a value as the regional mean fraction
P increases.
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According to the thermal resistance calculation formula, the equivalent thermal resis-
tance of the unit model is calculated as follows:

1
Ro

= 2 ·
(

1
R1

+
1

R2
+ . . . . . . +

1
Rp−1

+
1

Rp

)
(4)

Ro is the total equivalent thermal resistance of the unit, and Figure 5 illustrates the
small ideal unit model after equalization.
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Figure 5. Small ideal unit model.

The total thermal resistance of small ideal units at various positions is assumed to be
Rn; RanRbnRcn is connected in series in accordance with the thermal resistance at various
positions. The total thermal resistance Rn of the small ideal units is equal to the sum of the
resistances of the individual components when connected in series:

Rn = Ran + Rbn + Rcn (5)
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The thermal resistance Ran of the surface cladding layer is calculated using the
Fourier theorem:

Ran =
ha

λN
l
p

(6)

where λN is the thermal conductivity of the surface cladding layer; ha is the surface
thickness of the cladding layer; and p is the number of small ideal units.

In order to improve the accuracy of the thermal resistance Rbn calculation at the
junction, an approximate equivalent thickness is obtained by dividing the length of the
upper and bottom edges of the function surface by the definite integral. The contact area
is calculated based on the length of the Gaussian distribution function in the region. The
thermal resistance Rbn at the junction can be obtained as follows:

Rbn =

∫ nl
p
(n−1)l

p
f (x)dx

l
p

λN B ·
∫ nl

p
(n−1)l

p

√
1 +

(
d f (x)

dx

)2
dx

(7)

where B is the width of the whole composite material, and f (x) is Equation (3).
The calculation of substrate thermal resistance Rcn is similar to the bonding thermal

resistance. The substrate thickness is calculated by subtracting the thickness of the cladding
layer and joint from the overall height:

Rcn =

H − ha −
∫ nl

p
(n−1)l

p
f (x)dx

l
p

λcB ·
∫ nl

p

− (n−1)l
p

√
1 +

(
d f (x)

dx

)2
dx

(8)

where λc is the thermal conductivity of the substrate, and H is the total thickness of the
composite element model.

3.2. Effective Thermal Conductivity Model of Composite Materials

The thermal resistance of the effective element model is obtained using Equations (5)–(8).
The physical model of composite materials is composed of multiple element models in parallel,
as shown in Figure 6.

We calculate the thermal resistance Ro using the element model, and then calculate
the actual thermal conductivity according to the actual-size thermal resistance relationship:

Rα = Ro ·
2l
A

(9)

Rα is the actual thermal resistance of the whole, and the thermal conductivity λα of
the composite is calculated according to the Fourier law:

λα =
H

Rα AB
(10)

That is, according to the above formula, the thermal conductivity model Formula (11)
of the composite prepared via laser cladding is finally obtained as follows:

λα =

HA · ∑
p
n=1




λN l
ha p +

λN lB·
∫ nl

p
(n−1)l

p

√
1+
(

d f (x)
dx

)2
dx

p·
∫ nl

p
(n−1)l

p
f (x)dx

+

λcB·
∫ nl

p

− (n−1)l
p

√
1+
(

d f (x)
dx

)2
dx

H−ha−
p·
∫ nl

p
(n−1)l

p
f (x)dx

l




ABl
(11)

51



Materials 2023, 16, 7360

Materials 2023, 16, x FOR PEER REVIEW 7 of 16 
 

 

where 𝜆 is the thermal conductivity of the substrate, and 𝐻 is the total thickness of the 
composite element model. 

3.2. Effective Thermal Conductivity Model of Composite Materials 
The thermal resistance of the effective element model is obtained using Equations 

(5)–(8). The physical model of composite materials is composed of multiple element mod-
els in parallel, as shown in Figure 6. 

 
Figure 6. Thermal resistance parallel mode of the effective unit model. 

We calculate the thermal resistance 𝑅 using the element model, and then calculate 
the actual thermal conductivity according to the actual-size thermal resistance relation-
ship: 𝑅ఈ = 𝑅 ⋅ ଶ   (9)𝑅ఈ is the actual thermal resistance of the whole, and the thermal conductivity 𝜆ఈ of 
the composite is calculated according to the Fourier law: 𝜆ఈ = ுோഀ  (10)

That is, according to the above formula, the thermal conductivity model Formula (11) 
of the composite prepared via laser cladding is finally obtained as follows: 

𝜆ఈ =
ு⋅∑

⎝⎜
⎜⎜⎜
⎛ഊಿೌାഊಿಳ⋅ ඨభశ൬(ೣ)ೣ ൰మೣ(షభ)

⋅ (ೣ)(షభ) ೣ ାഊಳ⋅ ඨభశ൬(ೣ)ೣ ൰మೣష(షభ)
ಹషೌష⋅ (ೣ)(షభ) ೣ ⎠⎟

⎟⎟⎟
⎞సభ

   

(11)

4. Verification and Analysis of Heat Conduction Equation 
4.1. Experimental Preparation Method 

The accuracy of the model was assessed by comparing numerical calculations with 
experimental measurements. The test material used was a pure copper sheet metal meas-
uring 100 mm by 60 mm and having a thickness of 6 mm. The laser cladding preparation 
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4. Verification and Analysis of Heat Conduction Equation
4.1. Experimental Preparation Method

The accuracy of the model was assessed by comparing numerical calculations with
experimental measurements. The test material used was a pure copper sheet metal mea-
suring 100 mm by 60 mm and having a thickness of 6 mm. The laser cladding preparation
equipment used the 1064 nm light source produced by Hans laser (Shenzhen, China), the
bc104 coaxial powder feeding cladding device produced by RAYtool (Guangdong, China),
the powder feeding device produced by Songxing Welding (Guangzhou, China), and the
4-axis CNC machine tool of Siemens control system (Munich, Germany). The process used
jp8000 supersonic flame gun produced by Fushan Advanced Surface Technologies Ltd.
(Foshan, China) for spraying test.

The surface of the sample was polished with sandpaper and cleaned with anhydrous
ethanol. Ni60A powder (75 µm ∼ 48 µm) was selected as the cladding material. Notably,
the laser’s absorption rate on the pure copper surface at this frequency is merely 5%, making
it challenging to apply a coating to the copper surface [22,23]. The thermal conductivity of
copper reaches 401 W/(m × k), making it challenging to concentrate energy and generate
a molten pool. Considering the high laser absorption rate of nickel-based materials, we
ensured the safety of personnel and equipment. In this investigation, a layer of Ni60A
powder with a thickness of 0.3 mm was initially deposited onto the copper plate through
supersonic thermal spraying, as depicted in Figure 7 [24]. The process parameters are
shown in Table 1.
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Table 1. Process parameters of HVOF on copper surface.

Technique
Powder Drying

Temperature
(◦C)

Kerosene Flow
Rate (L/h)

Oxygen Flow
Rate (L/min)

Nitrogen Flow
Rate (L/min)

Powder Feed
Rate (L/min)

Spray
Distance (mm)

Linear Torch
Velocity (mm/s)

HVOF 300 19 750 14 65 310 600

The thickness of the Ni60A preset layer is thin, which is influenced by the high
thermal conductivity of copper. For the first layer of laser surface cladding, a high-energy
concentration is required to generate a molten pool. In the second layer, coaxial powder
feeding is employed for laser cladding. Due to the low thermal conductivity of nickel-based
materials and the low reflectivity of the laser, molten pools are easily formed, and the
power is gradually reduced. The parameters for laser surface alloying and coaxial powder
feeding are shown in Table 2. The material surface after multiple stacking according to the
above process is shown in Figure 8.

Table 2. Laser surface alloying and laser cladding process parameters.

Layers Process Method Power
(kW)

Speed
(mm/s)

Laser Beam
Radius (mm)

Adjacent
Distance

(mm)

Shielding Gas
Ar Flow (L/min)

Powder Feed
Rate (RPM)

1 Laser surface alloying 3000 7 1.5 2 12 0
2 Laser cladding 1500 5 1 1 12 50
3 Laser cladding 1400 5 1 1 12 50
4 Laser cladding 1000 5 1 1 12 50
5 Laser cladding 1000 5 1 1 12 50
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Figure 8. Composite prepared using the above parameters.

The prepared composite material was processed into a size of 10 mm× 10 mm× 5 mm
using a high-precision grinder and wire cutting, with cladding thicknesses of 0.65 mm,
0.75 mm, 0.85 mm, and 0.95 mm, respectively, as shown in Figure 9.

The composite cross-section image was taken using a macro camera, the image of
Equation (12) was drawn using a software, and the two images were overlapped. As
shown in Figure 10, the interface between the surface coating and the substrate is Gaussian
distribution and highly fitted, which has a strong correlation. The correlation between the
unit model is also proven, where

f (x) = hbexp
(
−x2/(0.5r)2

)
(12)
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According to the ASTM El461-01 standard [25], the thermal diffusivity of the composite
was measured using a laser thermal conductivity meter (LAF427) at different temperatures,
and then the sample density was measured using the drainage method. Finally, the thermal
conductivity was calculated by using the following formula:

λ = α × ρ × Cρ (13)

where α is the thermal diffusion coefficient; ρ is the density; and Cρ is the specific heat capacity.
The experimental thermal conductivity was obtained according to the above formula,

as shown in Figure 11. According to the results, it can be seen that the effective thermal
conductivity of the composite material is 25 W/(m × K) compared with that of the general
material die steel H13. Through the establishment of the model, it can be found that the
thermal conductivity decreases with an increase in the coating, and the approximate value
range of the cladding layer thickness can be determined.
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Figure 11. Experimental thermal conductivity of composite at different temperatures.

4.2. Model Comparison and Analysis

According to the preparation process, the following prediction and calculation pa-
rameters were selected: the radius of the laser beam is 1.5 mm, the distance between two
adjacent laser cladding layers is 2 mm, the height of the first laser cladding layer is 0.3 mm,
and the number of small ideal units is 100. It is verified according to the experimental
material parameters that the cladding layer uses powder metal containing the content
shown in Table 3.

Table 3. Content of Ni60A powder.

Chemical Composition (wt.%)

Material name Ni C Si B Cr Fe
Ni60A Bai 0.9 4 3.2 16 5

The thermal conductivity of Ni60A material was derived using JMatPro 6.0 (Sente
Software Ltd., Guildford, UK) software, and the thermal conductivity is shown in Figure 12.

Figure 12. Thermal conductivity of Ni60A and copper at different temperatures.

The model’s predicted values were compared with the experimental measured values
using Equation (11). As shown in Figure 13, the effective thermal conductivity of different
cladding layer thicknesses increases with temperature. The overall average accuracy of
the predicted results of the mathematical model is 82.14%, and the overall trend is in
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good agreement with the experimental data. The accuracy increases with an increase in
coating thickness.

Figure 13. Predicted and measured values of effective thermal conductivity at different temperatures.
Effective thermal conductivity of the cladding layer with thicknesses of (a) 0.65 mm, (b) 0.75 mm,
(c) 0.85 mm, and (d) 0.95 mm.

The model error analysis shows that the overall mathematical model has a lower
deviation, and the error increases with a decrease in coating thickness. The main reason for
the lower deviation is that the thermal conductivity of the material used in the model is
lower than the actual situation. To ensure its universality, the two models ignore the alloy
produced by combining two dissimilar alloy materials in the laser cladding process. In
reality, the energy-dispersive spectrometer detects the joint of the two materials, as shown
in Figure 14. There is a part of metallurgical bonding at the junction. According to the
research conducted by Bai et al. [26], the thermal conductivity between the Ni60A powder
and the copper substrate increases with an increase in copper content and temperature.
When the copper content was 30%, the composite showed a higher thermal conductivity
(26.8 W/(m × K)) than the thermal conductivity of Ni60A set in the prediction model.
Therefore, the overall prediction value of the mathematical model has lower deviation, and
the error increases with a reduction in the thickness of the cladding layer.

To study its influence, the thermal conductivity of Cu/Ni alloy is introduced into the
model Formula (11). The thermal conductivity of the composite material is calculated as
follows:

λα =

HA · ∑
p
n=1
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where λc_n is the thermal conductivity of Cu/Ni alloy.
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Figure 14. Image obtained when scanning the junction using energy-dispersive spectrometer: (a) Cu
to (b) Ni through the interfaces.

According to the thermal conductivity (26.8 W/(m × K)) in [26], the calculated results
of Formula (14) were compared with the data in Figure 13. The comparison of the results is
shown in Figure 15. The accuracy of the overall model (Formula (15)) improved by 4.97%
after considering metallurgical integration through data comparison, as shown in Figure 15.
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Through the above analysis, it can be found that the systematic error comes from
underestimating the thermal conductivity of the sediment. The main impact is in the
transition-layer boundary, the size and element distribution of which are affected by
multiple factors K. Halmesova et al. [14] found that the use of different process parameters
during laser cladding preparation resulted in different metallurgical bonding areas between
the two materials, which affected the thermal conductivity. The metallurgical bonding
areas under different parameters need to be retested and calculated. Bonny Onuike et al. [2]
found that the use of laser cladding to produce materials resulted in a finer grain structure
compared to traditional production techniques, resulting in different thermal conductivity
coefficients for the same material. In order to improve the accuracy of the model, it is
necessary to measure the thermal conductivity of each part of the composite material
preparation process to improve its accuracy. This is clearly contrary to the purpose of
establishing a model to improve the design speed of composite materials. To ensure that
the model has some guiding significance for material design, this study simplifies the
transition boundary to a certain extent.

Through a comparison of the model established in this study, it was found that the rela-
tionship between thermal conductivity and key parameters varied positively with changes
in key parameters. The model can be used to roughly predict thermal conductivity under
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different parameters. At the same time, the key parameters of composite materials can be
designed based on actual needs. Figure 16 shows that the effective thermal conductivity de-
creases by 75% logarithmically as the thickness of the surface cladding layer increases from
0.5 mm to 2.5 mm. More specifically, when the spot diameter is 3 mm and the overlap rate
is 33.3%, the effective thermal conductivity decreases logarithmically, with the thickness
increasing from 0.5 mm to 2.5 mm. This factor has a strong correlation, which should be
considered first in future research on materials’ thermodynamic and mechanical properties.
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The proposed mathematical model can easily obtain the thermal conductivity of com-
posites prepared using different cladding materials and processes. It provides theoretical
and practical guidance for future research on the thermodynamic properties of composites
prepared via laser cladding.

5. Conclusions

In this study, a mathematical model was proposed to predict the effective thermal
conductivity of laser-clad nickel-based alloy composites on copper surfaces. The model
was verified through comparison and experimental data. From the results obtained, we
draw the following conclusions:

• By comparing the experimental data, a mathematical model (Equation (11)) was
established to predict the effective thermal conductivity, with an accuracy of 82.13%,
and the overall trend was in good agreement with the experimental data.

• By comparing the experimental data, the accuracy of the prediction results increases
with an increase in the cladding layer thickness, and the overall deviation of the
mathematical model results is found. The reason for the overall error is that to ensure
its universality, the model ignores the alloy produced by the combination of two
different alloy materials in the process of laser cladding. In fact, the metallurgical
bonding of Ni/Cu at the joint improves the thermal conductivity of the material.
When the thickness of the cladding layer is thin, the effect of metallurgical bonding
should be considered.

To sum up, these key parameters not only affect the quality of the coating but also
affect the effective thermal conductivity of composites. Therefore, establishing this mathe-
matical model can provide theoretical guidance and optimization direction for the study of
materials and the future parameter selection of composite materials.
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Abstract: Duplex stainless steel (DSS) exhibits good mechanical properties and corrosion resistance,
and has attracted more and more attention within the fields of both science and technology. However,
the increasing levels of N and of Cr, Mo, etc., as alloying elements in DSS increase production difficulty.
In particular, the N element increases the risk of Cr2N precipitation, which can seriously deteriorate
the thermal plasticity of DSS, while increasing its strength. For this reason, a low-N-content 25Cr-
type DSS was designed in order to adapt additive manufacturing processes. With regard to the
nano-inclusions of oxide precipitation and effective grain refinement, and considering the benefits
of selective laser melting fabrication, a low-N 25Cr-type duplex stainless steel with a 0.09 wt.% N
content achieved high mechanical properties, with a yield strength of 712 MPa and an elongation of
27.5%, while the V-notch impact toughness was 160 J/cm2. The microstructure evolution and the
reasons behind the improvement in mechanical properties will be discussed in detail.

Keywords: selective laser melting; duplex stainless steels; nano-inclusion; microstructure; mechanical
properties

1. Introduction

Duplex stainless steel (DSS) is composed of ferrite and austenite phases that exhibit a
higher strength than conventional austenitic stainless steel, while the higher Cr, Mo, and
N concentrations in DSS contribute to an increased and outstanding corrosion resistance
compared to that of conventional austenitic stainless steel [1–7]. DSS also exhibits a unique
resistance to intergranular corrosion in certain environments, making it irreplaceable in
the petroleum, chemical, and marine [8–11] industries, among others. Compared to the
300-series austenitic stainless steels, duplex stainless steel can achieve higher strength and
PREN values at similar or lower costs.

Although duplex stainless steel has certain advantages over austenitic stainless steel
in terms of performance, there are still challenges facing the complete replacement of
austenitic stainless steel by duplex stainless steel on the market when it comes to widely
used application. The American Society for Testing Materials (ASTM) only includes seven
types of cast duplex stainless steels in its standards, while there are hundreds of types of
forged duplex stainless steels [8]. The slow cooling process during the cooling process
after solidification leads to the formation of harmful secondary precipitates, such as CrN,
Cr2N, sigma (σ) phase, or chi(χ) phase, which significantly affect both the mechanical
properties and the corrosion resistance [11–13]. This makes it challenging to maintain the
performance of duplex stainless steel in complex structural applications using traditional
casting processes, which is an important reason behind the limited scope of application for
duplex stainless steel.

In recent years, the development of additive manufacturing technology has introduced
a new metal-forming process with extremely fast cooling rates [14–21]. The one-time
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forming method reduces spending on molds and allows for the manufacturing of more
complex structural components, while avoiding issues like σ phase precipitation and grain
coarsening during casting cooling [19,22–28]. The characteristics of additive manufacturing
effectively address the issues of casting formation and the diversification of product forms
in duplex stainless steel.

Based on the aforementioned research background, this work focuses on 2507-type
duplex stainless steel with a lower N content (≤0.1 wt.%) and utilizes the laser powder bed
fusion (L-PBF) method to fabricating 25Cr-type DSS with a high strength and plasticity
and excellent toughness. The evolution of its microstructure at different stages is analyzed,
and precipitation-strengthening and grain-refinement advantages are achieved through
control of the composition and printing methods. This method is expected to provide an
alternative composition optimization strategy for additive manufacturing processes for the
application of duplex stainless steel.

2. Materials and Methods

Argon-gas atomization was used to prepare 25Cr-type DSS powder with the size
distribution of 15–50 µm. The main chemical composition of the powder was measured via
inductively coupled plasma atomic emission spectrometry (ICP-AES), and the results are
shown in Table 1. Figure 1a shows the morphology observed under scanning electron mi-
croscopy (SEM); the powder exhibits a smooth and round shape without satellite particles.
The X-ray diffraction (XRD) analysis results for the powder are shown in Figure 1b, reveal-
ing a phase composition of 99% ferrite and 1% austenite, with no harmful phases detected.

Table 1. The chemical composition of the 25Cr-type DSS powder 1.

Cr Ni Mo N Mn O Si C P S

24.70 6.52 3.74 0.098 0.55 0.028 0.35 0.0050 0.0058 0.0029
1 S, C, and O elements were determined via the infrared absorption method.
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Figure 1. Powder morphology and phase information: (a) powder SEM image, (b) XRD diffrac-
tion pattern.

The aforementioned powder was used for selective laser melting (SLM) on a DLM-280
metal 3D printer. The build process was performed on a 316 stainless steel substrate in a
protective atmosphere of high-purity argon gas (99.9%). The specific sintering parameters
were as follows: a laser input power (P) of 190 W, a laser spot diameter of 0.1 mm, a powder
layer thickness (h) of 0.02 mm, line spacing (t) of 0.1 mm, a scanning speed (v) of 850 mm/s,
and a bidirectional scanning pattern with a 45◦ angle between each layer. The calculated
energy density, using Formula (1), was 117.65 J/cm3.

E =
P

v·h·t (1)
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The built specimens were subjected to solid solution treatment at temperatures of
1100, 1150, and 1200 ◦C for 1 h each. Cube samples measuring 10 × 10 × 5 mm were
used to characterize the microstructure, while rough impact samples with dimensions of
10 × 60 × 6 mm and rough tensile samples with dimensions of 20 × 70 × 6 mm were used
to test the mechanical properties. The final dimensions of the impact and tensile specimens
are shown in Figure 2a,b, respectively. The relative density of the specimens, using the
Archimedes drainage method, was 99.87%.
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Figure 2. The dimensions of the specimens for testing mechanical properties: (a) the impact specimen
dimensions; (b) the tensile specimen dimensions (unit: mm).

Tensile testing at room temperature was performed using a WE300B tensile testing
machine (supplied by Marxtest Technology Co., Ltd., Jinan, China) with a strain rate of
1 × 10−3 s−1. Impact testing at room temperature was conducted using a NI750 metal
pendulum impact testing machine (supplied by NCS Testing Technology Co., Ltd., Beijing,
China). After mechanical grinding and polishing, the square samples were immersed in a
potassium permanganate solution at 50 ◦C for 3 h, and their microstructure was observed
using a LEICA MEF4M optical microscope (supplied by Leica Microsystems Shanghai Ltd.,
Shanghai, China). The backscattered electron diffraction (EBSD) samples were immersed
in a 10% alcoholic hydrochloric acid solution and subjected to electrolytic polishing at a
voltage of 25 V for 30 s. EBSD characterization was carried out using a FEI Quanta650 field-
emission scanning electron microscope (supplied by FEI Co., Ltd., Hillsboro, OR, USA), and
the data were processed using Channel 5 software. Transmission electron microscope (TEM)
samples were mechanically thinned to a thickness of 40 µm using silicon carbide paper and
then further thinned using a dual-jet electropolisher at a voltage of −28 V and a temperature
of −20 ◦C. The electrolyte consisted of 10% hydrochloric acid and 90% anhydrous ethanol.
Observation was performed using a FEI TECNAI G2 F20 transmission electron microscope
(supplied by FEI Co., Ltd., Hillsboro, American) operating at an accelerating voltage of
200 kV. X-ray diffraction experiments on the samples were conducted using a Bruker D8
Advance X-ray diffractometer (supplied by Bruker Co., Ltd., Billerica, MA, USA) with
a tube voltage of 35 kV, a tube current of 40 mA, an incident wavelength of λ = 0.179
nm, and a scanning speed of 2◦/min. The nitrogen content in the printed specimens was
measured using an NCS ONH-5500 analyzer (supplied by NCS Testing Technology Co.,
Ltd., Beijing, China).

3. Results and Discussion
3.1. Microstructure

Figure 3a shows the microstructure of the built cubic specimen without heat treatment,
which reveals a mosaic-like regular structure. The magnified metallographic image in
Figure 3b further reveals that the mosaic-like grid structure is arranged in a regular pattern,
with 100 µm as the minimum structural unit. The core of the mosaic unit consists of larger
grains, while the edges consist of smaller grains similar to recrystallized grains. The track
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width formed by the units is 100 µm, arranged in two directions at a 90◦ angle to each other.
The aforementioned mosaic structure is mainly due to the special scanning method, where
the laser spot radius is 100 µm, and the scan line spacing is also 100 µm. Due to the higher
energy at the core of the laser, the powder in the core receives more energy compared
to the powder at the edges, resulting in a difference in grain size between the core and
the edges. At this point, the grain size distribution presents larger grains in the core and
smaller grains on the sides. As the scanning progresses, after the completion of one layer,
the scanning path of the next layer of powder is perpendicular to the previous layer at
90◦. The laser energy input of the next layer, to a certain extent, affects the already-formed
matrix in the previous layer, causing secondary heating and recrystallization, ultimately
leading to the grid-like structure. The microstructure metallography of the specimen when
heat-treated at 1200 ◦C for 1 h is shown in Figure 3c, and it is worth noting that the grid-like
mosaic structure in the microstructure remains intact and regular after heat treatment,
which is significantly different from the destruction of the grid-like structure that has been
observed in previous studies after heat treatment [29–33]. The magnified microstructure
shown in Figure 3d reveals that a certain amount of new phase has precipitated on the
grain boundaries of the matrix phase and, even after 1 h of heat treatment at 1200 ◦C, the
size remains small. The above microstructural characteristics are mainly attributed to the
unique low-nitrogen (N)-composition design.
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Figure 3. An optical microscope (OM) image of the specimen before and after heat treatment: (a) the
specimen before heat treatment at 100× magnification, (b) the magnified microstructure of the
selected area from (a), (c) the specimen heat-treated at 1200 ◦C for 1 h at 100× magnification, (d) the
magnified microstructure of the selected area from (c).

To further characterize the microstructural features before and after heat treatment,
the phase distribution before and after heat treatment was statistically analyzed using
EBSD. Figure 4a shows the EBSD phase map of the laser-irradiated surface before heat
treatment, which predominantly consists of the ferrite phase. This is mainly due to the
high temperature during the scanning process and the extremely fast cooling rate, which
does not allow for the precipitation of austenite during the forming and cooling process.
Figure 4b shows the EBSD phase map of the non-heat-treated scanning side, and it can be
observed that each layer of ferrite has been melted by the laser into a solid structure with a
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width of approximately 100 µm. This solid structure will improve the impact toughness,
which will be discussed in detail later. Figure 4c,e, respectively, show the phase distribution
maps of the scanned front and side after 1 h of heat treatment at 1200 ◦C. A large amount of
austenite precipitates at the grain boundaries of the ferrite, and some austenite precipitates
at the low-angle grain boundaries within the ferrite. It can be observed that the size of the
austenite precipitated on the high-angle grain boundaries is significantly larger than that
precipitated on the low-angle grain boundaries within the grain. This is mainly because
the high-angle grain boundaries have a higher energy, providing convenience for the rapid
nucleation and growth of austenite. Figure 4d shows the phase distribution map of the
scanned front after heat treatment at a lower solution temperature of 1100 ◦C for 1 h. It can
be found that, compared to at 1200 ◦C, the amount of austenite increases significantly, and
the austenite is distributed in a strip-like pattern connected to the grain boundaries of the
ferrite. At a lower solution temperature, the morphological characteristics of the austenite
phase have changed significantly compared to the discontinuous island-like distribution at
a higher solution temperature.
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Figure 4. EBSD phase distribution maps: the front surface (a) and side surface (b) of the specimen
before heat treatment, the front surface (e) and side surface (c) of the specimen heat-treated at 1200 ◦C
for 1 h, the scan of the front surface (d) of the specimen heat-treated at 1100 ◦C for 1 h.

3.2. Mechanical Properties
3.2.1. Tensile Properties

Figure 5 shows the tensile properties of the sample before and after heat treatment.
It can be observed that the sample has a very high yield strength (920 MPa) and tensile
strength (922 MPa) in the state before heat treatment, but the elongation is only 2%. Con-
cerning the tensile properties of the sample after heat treatment, it can be observed that, as
the solution temperature increases, the strength and plasticity of the sample simultaneously
increase. After solution treatment at 1200 ◦C, even with only a weak solid solution strength-
ening due to a N content of only 0.098%, the yield strength is still as high as 712 MPa. In
previous studies, the yield strength of standard-grade (higher-N-content, compared to this
paper) 2205 and 2507 duplex stainless steel, whether through casting or additive manufac-
turing, typically ranged from 600 to 660 MPa [15,34–36]. The test results obtained in this
paper showed that the yield strength of the samples after a 1 h solution treatment at 1200 ◦C
was significantly higher than that shown in the experimental results of previous studies.
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tensile strength, and elongation at different treatment states.

3.2.2. Impact Properties

Table 2 presents the impact toughness values of the samples before and after heat
treatment, compared with the impact performance of the 2707 BPF samples with similar
processes. It can be observed that the impact toughness of the experimental steel in this
study is significantly higher than that of the reference, and that the impact toughness value
of the untreated samples is significantly higher than that in the results for the reference.
Although the samples without heat treatment only show a 2% elongation during the tensile
process, they exhibit high toughness values. SEM images of the fractured surfaces of
the untreated samples at different scales are shown in Figure 6a–c. The unique fracture
morphology is an important reason behind the higher toughness value of the samples.
From the macroscopic fracture morphology in Figure 6a, it can be observed that the fracture
surface of the sample is divided into two sides. The side near the V-notch (the whiter side)
shows irregular cleavage fracture, while the other side exhibits a mosaic-like structure
similar to its microstructure. The magnified images in Figure 6b,c reveal more clearly
the complex fracture forms. In each small structural unit, the central large grains exhibit
smooth cleavage fracture planes. The small grain area at the edge of the structural unit
consists of a certain number of smaller dimples. The smaller grain size and multiple
interfaces in this region partly hinder the propagation of cracks during the fracturing
process, thus improving the impact resistance. On the other hand, as mentioned earlier,
the microstructure on the sample’s side consists of ferrite arranged vertically as a whole.
Cracks can only propagate through transgranular fracture within these ferrite regions,
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resulting in a fracture surface that is similar in appearance to the front surface’s grid-like
structure. The coexistence of mixed microstructures with different grain sizes, and the
integrity of the ferrite in the side structure, contribute to the complex fracture form and the
high toughness value of the samples.

Table 2. V-notch impact toughness.

Impact Toughness Value (aKV), J/cm2

Untreated 1100 ◦C × 1 h 1150 ◦C × 1 h 1200 ◦C × 1 h

This paper 98.75 158.75 161.25 160
Previous studies [26] 18 - 132 -
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The SEM images of the fractured surface of the heat-treated impact samples are shown
in Figure 6d–f. The macroscopic image in Figure 6d reveals a composite structure with
smooth edges and an uneven core. The magnified image in Figure 6e of the core region
shows a combination of dimples and cleavage planes, with some areas still exhibiting
grid-like structures. The magnified image of the fracture edge in Figure 6f reveals cleavage
planes. The structural differences between different regions of the fracture surface indicate
a relatively poor continuity of crack propagation during the fracturing process, ultimately
resulting in a more objective measure of the impact toughness.

4. Discussion

The extreme tensile behavior of the untreated sample is mainly due to the presence of
a ferrite structure in the untreated state. Typically, at room temperature, the nitrogen satu-
ration solubility in ferrite is 0.007%, while most of the 0.098% nitrogen in the composition is
dissolved in the ferrite, leading to a distorted ferrite lattice due to nitrogen oversaturation.
Additionally, the repeated heating and rapid cooling during the printing process result
in significant residual thermal stresses. The combination of these factors leads to a low
plasticity and high strength in the untreated sample. The TEM characterization of the
untreated sample confirms the above inference. Figure 7a shows the internal structure
of the ferrite at the TEM scale. It can be observed that the interior of the undeformed
ferrite is highly disordered. The magnified view in Figure 7b clearly shows a large number
of randomly distributed and tangled dislocations within the ferrite grain. Even without
deformation, the ferrite in this state is under a significant internal stress and, thus, fractures
with only a small amount of deformation (2%).
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As mentioned earlier, the yield strength of the samples after a 1 h heat treatment at
1200 ◦C reached values as high as 712 MPa, while still maintaining a 27.5% elongation.
This anomalous mechanical performance is mainly due to the combined effect of the
unique phase morphology of austenite under special composition and the precipitation
of high-temperature oxide phases. At lower solution temperatures, the austenite content
is higher, and a large amount of austenite forms continuous bands along the ferrite grain
boundaries [37,38]. The softer and higher-content austenite leads to a decrease in yield
strength, and the large distribution on the grain boundaries easily causes a deformation
mismatch between the two phases, leading to fracture. Conversely, at higher solution
temperatures, the austenite content is lower, and it is discretely distributed in island-like
shapes along the ferrite grain boundaries. For this reason, there is less austenite with
a smaller size and discrete distribution, which acts as a second-phase reinforcement by
pinning on the ferrite grain boundaries, achieving an enhanced strength and plasticity.

In addition, in previous studies, the introduction of high-temperature oxide Al2O3 into
the system also leads to an improvement in strength [33,39]. In traditional casting processes,
the high-temperature-formed Al2O3 easily grows and producies inclusions during slow
cooling, making it difficult to eliminate. However, in additive manufacturing processes, the
extremely fast cooling rate prevents these high-temperature-formed Al2O3 from growing,
and they ultimately become precipitates that are beneficial to mechanical properties. In this
study, TEM observation also revealed fine dispersed circular Al2O3 precipitates, as shown
in Figure 8a. The dark-field TEM image in Figure 8b provides a clearer view of the widely
varying distribution sizes of Al2O3. To better illustrate the types of precipitates, Figure 8c
shows the EDS mapping results of the region. It is evident that there is a clustering of
Al and O elements in the precipitates. This type of precipitate strengthening is also one
of the reasons behind the higher yield strength of the sample. We also characterized the
uniform deformation zone of the samples after tensile fracture, using TEM. Figure 8d shows
a TEM image of the deformed state, where a large number of dislocations are pinned by
small Al2O3 inclusions in the ferrite. The interaction between the fine dispersoids of Al2O3
particles and dislocations hinders the initial movement of the ferrite during deformation,
which contributes to the higher yield strength, compared to that under normal conditions.

In summary, through a unique composition design that breaks away from the con-
ventional 0.24–0.32% nitrogen (N) content in 2507, a unique austenite phase morphology
has been induced, while a regular lattice structure is maintained. With the reinforcement
of oxide precipitates, the sample exhibits a high yield strength of 712 MPa, while still
maintaining a good elongation of 27.5%.
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5. Conclusions

In this study, a low-N 25Cr-type duplex stainless steel for additive manufacturing
processes was fabricated through the L-PBF method. The product exhibits an excellent
strength and ductility. The main conclusions are as follows:

1. When the strategy of alternating the layer scanning direction of 45◦ is used, the
microstructure of the specimens shows a regular mosaic structure. The microstructure
before heat treatment consists of a single ferrite phase. After heat treatment at 1200 ◦C,
discrete and fine austenite precipitates at the ferrite grain boundaries, and the regular
mosaic structure remains.

2. The unique morphology of the austenite phase, caused by the special low-N-
composition design, along with the strengthening effect of oxide precipitation, leads to a
high yield strength of 712 MPa after heat treatment in the experimental steel in this study,
while a good elongation of 27.5% is maintained.

3. The specimen of additive-manufacturing low-N 25Cr-type DSS demonstrates an
excellent V-notch impact performance, with a toughness value of 98.75 J/cm2 before heat
treatment and approximately 160 J/cm2 after heat treatment.
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Abstract: Metal FDM technology overcomes the problems of high cost, high energy consumption
and high material requirements of traditional metal additive manufacturing by combining FDM
and powder metallurgy and realizes the low-cost manufacturing of complex metal parts. In this
work, 15-5PH stainless steel granules with a powder content of 90% and suitable for metal FDM were
developed. The flowability and formability of the feedstock were investigated and the parts were
printed. A two-step (solvent and thermal) debinding process is used to remove the binder from the
green part. After being kept at 75 ◦C in cyclohexane for 24 h, the solvent debinding rate reached
98.7%. Following thermal debinding, the material’s weight decreased by slightly more than 10%.
Sintering was conducted at 1300 ◦C, 1375 ◦C and 1390 ◦C in a hydrogen atmosphere. The results
show that the shrinkage of the sintered components in the X-Y-Z direction remains quite consistent,
with values ranging from 13.26% to 19.58% between 1300 ◦C and 1390 ◦C. After sintering at 1390 ◦C,
the material exhibited a relative density of 95.83%, a hardness of 101.63 HRBW and a remarkable
tensile strength of 770 MPa. This work realizes the production of metal parts using 15-5PH granules’
extrusion additive manufacturing, providing a method for the low-cost preparation of metal parts.
And it provides a useful reference for the debinding and sintering process settings of metal FDM. In
addition, it also enriches the selection range of materials for metal FDM.

Keywords: metal fused deposition modeling; additive manufacturing; 15-5PH stainless steel;
debinding; sintering

1. Introduction

Additive manufacturing (AM) stands as a groundbreaking technology that utilizes
computer-aided design models to construct products by adding material layer by layer.
Unlike traditional manufacturing methods, AM allows for the creation of products with
diverse materials, complex shapes, structures and functions, without the need for subse-
quent post-processing such as cutting and machining [1]. The common materials used in
AM include metals, ceramics and plastics, and the choice of AM method varies depending
on the specific material being used [2]. At present, predominant metal AM techniques
encompass selective laser melting (SLM) [3–5], selective laser sintering (SLS) [6,7], electron
beam melting (EBM) [8,9], direct laser metal sintering (DLMF) [10], binder injection (BJ) [11],
wire arc additive manufacturing (WAAM) [12] and laser bed powder fusion (LBPF) [13].
Most of these techniques use lasers to subject the material to a process of high temperature
and rapid cooling. However, the high temperature gradients and rapid cooling under
these processes cause material anisotropy and generate high residual stresses that affect the
mechanical properties of the material [14–17]. In addition, it is too expensive to purchase
this equipment, with high maintenance and repair costs, which require a great quantity of
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upfront investment. For example, SLM and EBM printers require laser or electron beams
and inert or vacuum chambers, and WAAM technology preparation requires high-precision
equipment, which is complex and expensive. Therefore, developing a low-cost metal AM
method has great practical significance. Fused deposition molding (FDM) emerges as a
promising low-cost AM technology that operates at room temperature. The material at the
nozzle is heated to the melting temperature (typically between 200 ◦C and 300 ◦C), without
complex energy sources. This makes FDM equipment much cheaper than equipment such
as SLM. The process involves heating and melting a hot molten material, which is then
extruded through a printing nozzle. The nozzle moves along a specific trajectory under
computer control, depositing the material in a semi-fluid state onto a printing platform. The
material solidifies and forms the final solid product by stacking layers. Another technique,
known as metal injection molding (MIM), involves injecting a mixture of metal powder and
polymer into a molding chamber to achieve the desired shape [18,19]. The polymer is then
removed through a debinding process, followed by sintering the metal powder below its
melting point to obtain densely consolidated metal parts. By incorporating the pellets and
post-processing techniques used in MIM into FDM, it is possible to combine the advantages
of both technologies. This allows for the production of complex structural parts using
FDM, a low-cost technology, while achieving dense metal parts through the debinding and
sintering processes. In this process, the printed part is often referred to as the “green part”,
the solvent debinded part is called the “brown part”, and the sintered part is called the
“FDMS part”. The feedstock used in metal FDM technology is a mixture of metal powder
and a specified proportion of polymer material, usually in the form of 1.75 mm diameter
wire or approximately 3 mm diameter pellets. The fluidity of the material is provided
by the polymer in the feedstock, which only needs to be heated at the nozzle for smooth
extrusion. Metal powders and polymers are readily available, and the pellet feedstock for
this process can be prepared at a cost of as little as 20 USD/kg. The printing, debinding and
sintering equipment used in the metal FDM is cheaper and less expensive to maintain than
those requiring electronics and lasers. These features of metal FDM significantly reduce the
cost of producing metal parts by AM, making it suitable for large-scale use in laboratories
and small businesses.

Many scholars have shown great interest in metal FDM in recent years. Yvonne
Thompson et al. [20] prepared printable FFF filaments from grafted polyolefin, thermoplas-
tic elastomer and 55 vol.% 316L powder and optimized printing parameters, particularly
studying the debinding and sintering process, resulting in 316L specimens with a shrinkage
of about 20% and a relative density of more than 95%. M. Sadaf [21] developed filaments
containing 65 vol.% of 316L steel powder using a one-component binder, which avoided the
solvent debinding process. This was followed by sintering the green parts at 1380 ◦C under
hydrogen to obtain metal specimens with a tensile strength of 520 MPa and a hardness
of 285 HV. Liu Bin et al. [22] prepared 316L/POM filaments and used catalytic debinding
to remove the binder, studied the microstructural characteristics of the filaments, green
parts and sintered parts and tested the relative density, tensile properties, hardness and
shrinkage of the sintered parts. Gurminder Singh et al. [23] investigated commercial MIM
Cu raw materials using screw-type printers. They delved into the impact of layer thickness,
nozzle temperature, extrusion multiplicity and printing speed on the density and surface
roughness of green parts. Utilizing a central composite design approach, they assessed
these factors and employed micro-tomography to examine sample porosity under various
process parameters. The optimised green parts were also sintered to obtain high-density
sintered copper parts with a low surface roughness. A high metal powder content results
in a low shrinkage of the sintered parts. The researchers therefore expect to be able to
increase the metal powder content as much as possible while maintaining normal printing
conditions. Materials with a relatively high metal powder content have a poor flowability,
and preparing filaments that can pass through the printer rollers without breaking is a diffi-
cult task. Furthermore, the preparation of filaments is already a lengthy process compared
to granules, prompting researchers to explore screw printers as an alternative solution.
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Similarly, Gurminder Singh et al. [24] used the MIM17-4PH feedstock for printing under
optimum parameters to investigate the density of the sintered parts at different temper-
atures. Qualitative and quantitative analysis of the pores in the green and sintered parts
using micro-tomography confirmed that the optimized printing parameters were beneficial
for the final microstructure. In addition, several researchers have also investigated the FDM
process of other metallic or ceramic materials; for example, 316L [25–27], 17-4PH [28,29],
copper [30,31], hardmetal [32], Ti6Al4V [33,34], tungsten heavy alloy [35], H13 [36], Al [37],
1.2083 steel [38], zirconia [39,40], etc. However, no studies on the FDM of 15-5PH stainless
steel (15-5PH SS) materials were found in the available literature.

The 15-5PH stainless steel, derived from 17-4PH steel through a reduction in Cr content
and increase in Ni content, represents a martensitic precipitation-hardening stainless steel
renowned for its exceptional mechanical properties and corrosion resistance [41]. Therefore,
it finds widespread use as an engineering material in aerospace, medical, chemical and
other fields [42–44]. At the same time, 3D printing is gradually maturing, and the applica-
tion scenarios are constantly expanding. In this work, we developed a 15-5PH granular
feedstock with a metal powder content of up to 90 wt.% and successfully constructed parts
using a screw-type printer and produced metal parts after debinding and sintering. Firstly,
this research delved into the impact of flowability and the printing process parameters
of 15-5PH granular material on the forming state of the parts. Furthermore, we explored
both solvent and thermal debinding processes. Subsequently, this work investigated the
influence of sintering temperature on the densities, shrinkage, mechanical properties and
micromorphology of the sintered parts. Aiming at the current problems of metal AM
with expensive equipment, complicated operation, and mainly oriented to high-precision
enterprises, this study aims to explore a low-cost metal additive manufacturing technology
that is simple to operate and easy to popularize. This work not only achieves low-cost
metal AM but also expands the range of materials used for metal FDM.

2. Experimental Details

The process flow diagram of this work is depicted in Figure 1. Detailed elaboration of
the specific steps will be provided in the subsequent sections.
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2.1. Materials and Preparation of Feedstock

The metal powder employed in this investigation is a gas-atomized 15-5PH SS pow-
der with a sphericity of 96%, supplied by PMG 3D Technologies (Shanghai) Co., Ltd.
(Shanghai, China). The powder particle size is within the range of 15–45 µm. All illustra-
tion of the powder’s morphology is presented in Figure 2. The chemical composition of
15-5PH SS is provided by the distributor as shown in Table 1. Thermoplastic elastomer
(TPE) was selected as the soluble binder and maleic anhydride grafted polypropylene
(MAH-g-PP) as the insoluble backbone. Both binders were purchased from Dongguan
Qihong Plastic Co., Ltd. (Dongguan, China). The MAH-g-PP was produced by introduc-
ing a strong polar maleic anhydride side branch into the main chain of the non-polar
molecules of polypropylene, which can enhance the compatibility of polar and non-polar
materials and facilitate the dispersion of metal powders. None of the above raw materials
were further treated before the experiment. The proportions of metal powders and binder
compositions used in this work are given in Table 2.
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Figure 2. SEM image of 15-5PH stainless steel powder: (a) with magnifying powder of 500×,
(b) with magnifying powder of 2000×.

Table 1. Chemical compositions of 15-5PH SS powders versus national standards (wt%).

Elements C Si Mn S P Cr Ni Cu Nb Fe

ASTM ≤0.07 ≤1.00 ≤1.00 ≤0.015 ≤0.03 14.0–15.5 3.5–5.5 2.5–4.5 0.15–0.45 Bal
15-5PH 0.015 0.59 0.52 0.004 0.03 15.22 3.98 3.85 0.35 Bal

Table 2. Composition and proportion of 15-5PH granular feedstock.

Feedstock 15-5PH Powder TPE MAH-g-PP

Content (wt.%) 90 7 3

The 15-5PH granules that can be used for 3D printing were prepared as follows:
15-5PH stainless steel powder and the binder were put into a high-speed mixer for mixing
according to the ratio in the Table 2. The mixed material was fed by the conical twin-
screw extruder for compound extrusion. The twin-screw extruder was maintained at
temperatures of 190 ◦C, 195 ◦C, 195 ◦C, and 200 ◦C in each respective zone, while the
extrusion speed was set as 25 rpm. The extruded material was subsequently granulated
using a granulator. To ensure the even distribution of the metal powder in the binder, the
granules were again extruded in the extruder. The reextruded particles are placed in a
vacuum drying oven for 3 h and stored in a vacuum environment for later printing.
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2.2. 3D Printing

The part was initially designed in Solidworks (version number: 2021) software and
then converted to the STL format. Subsequently, the model underwent slicing using
Simplify3D software (version number: 4.0.1) and was imported into a G5 Pro printer
from Shenzhen Piocreat 3D Technology Co., Ltd. (Shenzhen, China). The printer is a
screw-type printer, which can print granular materials directly, avoiding the process of
filament preparation. Its morphology and structure are shown in Figure 3a,b. The printer
transports particles through a screw movement to a heating unit, where the material is
melted and extruded through nozzles to be deposited on the platform. The printer platform
is a metal substrate with a good thermal conductivity that heats up quickly. The machine
has a print size of 500 × 500 × 500 mm and a print speed range of 0–100 mm/s. The slice
thickness is 0.1–1 mm and the positioning accuracy of the X-Y axis is ±0.1 mm, allowing
the production of complex geometries. In this study, dog bone tensile specimens (length
66 mm, thickness 3 mm, maximum width 12 mm, minimum width 4 mm) and small blocks
(15 mm × 15 mm × 3 mm) were printed. Figure 3c presents the morphology of the printed,
solvent debinded and sintered part. To match the material’s flow characteristics, a nozzle
diameter of 0.8 mm was selected. The printing parameters were set as follows: fill rate
100%, flow rate multiplier 180%, layer thickness 0.2 mm, printing speed 40 mm/s, nozzle
temperature 285 ◦C, platform temperature 90 ◦C and fill angle ±45◦. The nozzle fan was
switched off during the printing process.
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2.3. Debinding and Sintering

The debinding process consists of solvent debinding and thermal debinding. Solvent
debinding removes the soluble binder TPE. The parts were immersed in cyclohexane at
25 ◦C, 45 ◦C, 65 ◦C and 75 ◦C for 24 h while being palced in a constant temperature magnetic
stirrer. The parts were removed every two hours, then dried at 80 ◦C for 3 h within a
vacuum oven before weighed. The rate of binder removal during solvent debinding was
evaluated by calculating the ratio of binder loss after solvent debinding to the total binder.
The ratio of weight loss in each step to the total weight was used to evaluate the binder
removal rate throughout the debinding process.

Thermal debinding and sintering were conducted in a tube furnace (Shanghai Shiheng
Instrument Equipment Co., Ltd. (Shanghai, China)), where the samples were heated to
1300 ◦C, 1375 ◦C and 1390 ◦C, respectively, and held for 3 h. Hydrogen gas was introduced
at a flow rate of 250 mL/min. Thermal debinding removes the backbone binder from the
sample and ends the debinding process. To establish the thermal debinding curve, we
performed thermogravimetric analysis (TGA) on the granules. The TGA results, depicted
in Figure 4a, were obtained in a nitrogen atmosphere with a heating rate of 10 ◦C/min,
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ranging from 30 ◦C to 700 ◦C. The results showed that the material started to decompose
at 365 ◦C and finished at 471 ◦C. The green parts are heated to 600 ◦C and held at 350 ◦C
and 600 ◦C to ensure complete binder removal during the thermal debinding. The heating
rates applied for both thermal debinding and sintering were 2.0 ◦C/min and 2.5 ◦C/min,
respectively. After insulation at the sintering temperature, the samples were cooled within
the furnace. The corresponding thermal debinding and sintering curves are shown in
Figure 4b.
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2.4. Characterization and Test

In this study, an S-3400N scanning electron microscope (SEM) was used to ob-
serve the morphology of the granules, green parts, brown parts and sintered parts. The
flowability of 15-5PH granules was tested at 265 ◦C, 275 ◦C, 285 ◦C and 295 ◦C using
a capillary rheometer with a load of 21.6 kg. For the determination of sintered part
density, we utilized Archimedes’ principle, repeating each measurement three times
to ensure experimental precision. The sintered parts were corroded with aqua regia to
observe the grain morphology and porosity. To calculate the shrinkage of the parts, the
dimensions of the parts before and after sintering were measured with vernier calipers.
Furthermore, the mechanical properties were evaluated through hardness and tensile
tests on the sintered components, aiming to investigate the influence of sintering temper-
ature. Sintered parts were subjected to hardness assessment using a Rockwell hardness
tester, with ten measurements taken per sample, and the average value determined as
the final hardness value. Tensile tests were conducted at room temperature, employing
an AG-25TA tensile tester operating at a speed of 1 mm/min. Three tensile specimens
were prepared under each sintering temperature to reduce the experimental error, and
the results were averaged.

3. Results and Discussion
3.1. Feedstock Characterization and 3D Printing

The microscopic morphology of the 15-5PH granular feedstock is depicted in
Figure 5. Figure 5a,b illustrate that the metal powders are uniformly distributed be-
tween the binders without agglomeration. The homogeneous mixing of the metal
powder and binder can prevent visible defects in the sintered parts and avoid warping
and cracking [45]. The printing quality is closely related to the flowability of the feed-
stock [20,23]. Melt mass flow rate (MFR) measurements were performed on the granules
to determine the nozzle temperature, and the results are presented in Figure 5c. The
result indicates that the MFR of the feedstock exhibits sensitivity to temperature varia-
tions. As the temperature rises, the MFR tends to increase and then decrease, reaching
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the optimum value at 285 ◦C. Practice has also shown that the material extrusion process
is extremely smooth when the nozzle temperature is 285 ◦C.
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Figure 5. SEM image of 15-5PH granular feedstock: (a) 25×, (b) 100×; (c) melt mass flow rate of
15-5PH granular feedstock.

The 0.6 mm diameter nozzle often clogged and could not print normally. After
changing the nozzle diameter to 0.8 mm, the printer extruded smoothly. The results of
matching the flowability of the feedstock to the printer showed that when the extrusion
multiplier was 100%, the material was under-extruded, resulting in parts that could not
be moulded. Adjusting the extrusion multiplier to 180% resulted in a good part-molding
quality. It was found that high-surface-quality parts could be obtained by switching off the
fan at the nozzle during the printing process.

Figure 6 presents the microscopic topography of the green part. Figure 6a,b show that
the metal powder is still uniformly distributed in the binder after printing with the screw-
type printer. Figure 6c,d show the layer thickness of the green part and the interlayer line
during interlayer bonding, which is caused by the characteristics of FDM. The formation
of interlayer lines introduces pores into the parts, which can impact the densities and
mechanical properties of the sintered parts. The interlayer bonding effect can be modified
by adjusting the printing parameters, thereby changing the mechanical properties of the
parts [23,29,46].
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3.2. Solvent and Thermal Debinding

TPE is soluble in cyclohexane, and solvent debinding is used to remove soluble binders
from the print [26]. The green parts were immersed in cyclohexane at different tempera-
tures and kept for different times to investigate the effect of the debinding temperature and
time on the solvent debinding rate, and the results are shown in Figure 7. The debinding
rate increment of the parts decreased continuously over time at four temperatures. On the
contrary, the debinding rate increased continuously over time, and the change in debinding
rate was not significant after 14 h. The solvent debinding process mainly involves dissolu-
tion and diffusion, and the concentration of the solution and the distance of the solution
diffusion path will affect the debinding rate increment. Figure 8 is a schematic diagram
of the solvent debinding process. At the initial stage of solvent debinding (Figure 8a), the
solution is in contact with the surface of the parts, the diffusion path is the shortest, and the
solution concentration is the highest. As shown in Figure 7, the debinding rate increases
from 0 to 57.83% in 2 h at a temperature of 75 ◦C. In the middle stage of solvent debinding,
both the solution concentration and the diffusion path increase with time, as shown in
Figure 8b, leading to a reduction in the debinding rate increment, although the debinding
rate continues to rise. By the final stage of solvent debinding, the soluble binder is almost
completely removed. Only PP remains in the printed parts, maintaining their shape, as
shown in Figure 8c. The debinding rate increases with the increasing temperature for the
same time, because the dissolution and diffusion velocity increase with increasing tempera-
ture. In addition, the solubility of cyclohexane increases at higher temperatures, which can
dissolve more soluble components. The samples after solvent debinding (Figure 9) showed
that pores had formed inside the parts and connecting holes had formed in some areas.
These pores will provide channels for gas to escape during the thermal debinding process,
preventing the bulging and cracking of the part [20].
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The strength of the samples after thermal debinding proved to be insufficient for
testing purposes. Therefore, the brown part was heated to 900 ◦C for pre-sintering to
investigate the thermal debinding process. Figure 10 presents the morphology of the part
after this process. After thermal debinding and pre-sintering, the binder has completely
disappeared from the brown part and a sintering neck is formed between most of the metal
particles. Table 3 provides the results of the total weight loss observed in the green parts
after debinding. The binder mass in the granules is 10% of the total mass of the feedstock.
The soluble components account for 7% and the backbone components account for 3% of
the binder. Table 3 reveals that solvent debinding successfully removed the majority of
the soluble binder from the green parts. Furthermore, after thermal debinding, both the
backbone and any residual soluble binder were entirely eliminated. After debinding, the
metal particles on the surface of the sample were lost during transport, resulting in a total
weight loss of just over 10% of the feedstock.
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Figure 10. SEM morphology of the parts after thermal debinding and pre-sintering. (a) the sintering
neck between the metal powder, (b) left image magnified 3000×.

Table 3. Mass change after different debinding steps relative to the mass of green part.

Green Part
mass/g Solvent Debinding/(∆m,%) Thermal Debinding/(∆m,%) Total/(∆m,%)

10.7822 6.91% 3.16% 10.07%
10.7069 6.91% 3.19% 10.10%
10.6765 6.86% 3.17% 10.03%

3.3. Sintered Parts: Shrinkage, Relative Density, Microstructure and Mechanical Properties

The brown part undergoes high-temperature sintering to yield a densely consolidated
metal component. Notably, brown parts sintered at different temperatures exhibit an
excellent appearance, devoid of defects such as warping, collapse, bulging and cracking.
Figure 11a illustrates the shrinkage observed in brown parts after sintering at 1300 ◦C,
1375 ◦C and 1390 ◦C for 3 h. The shrinkage of the sintered parts in the X-Y-Z direction
remains relatively consistent at the same sintering temperature. The model can be scaled
up accordingly during slicing to compensate for the dimensional shrinkage that occurs
after sintering. As the temperature increases, the atomic migration velocity and the growth
velocity of sintering necks increase, and the grain boundary growth velocity across the pores
increases. Consequently, the internal pore volume within the part decreases compared to
low-temperature sintering, ultimately resulting in an increase in dimensional shrinkage for
the sintered part as the temperature rises.
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Figure 11. (a) Effect of sintering temperature on dimensional shrinkage, (b) effect of sintering
temperature on relative density, (c) effect of sintering temperature on tensile strength and hardness,
(d) stress–strain curve of the sintered parts.

The relationship between relative density and sintering temperature is illustrated in
Figure 11b. As the sintering temperature rises, there is a corresponding increase in the
relative density of the sintered part, mirroring the trend observed in dimensional shrinkage
with temperature. The relative density of the sintered part reached 95.83% at 1390 ◦C, a
figure comparable to that of sintered parts produced via MIM [47].

Figure 12 provides the microstructure of sintered parts at various temperature levels.
When sintered at 1300 ◦C (Figure 12a), the number of pores in sintered parts was high
and the size of the pores was large. Although the sintering neck between the powders
grew with increasing temperatures between 900 ◦C and 1300 ◦C, the density was still
low. There was no obvious grain morphology inside the parts after aqua regia corrosion.
Following sintering at 1375 ◦C, there was a marked reduction in the number of pores within
the samples, and the remaining pores tended to be mostly spherical and smaller in size.
It can be seen that the structure is martensite after corrosion. With a further increase in
temperature from 1375 ◦C to 1390 ◦C, both the number and size of pores continued to
decrease. However, Figure 12c shows a increase in grain size.

The trend of the effect of sintering temperature on hardness and tensile strength is
shown in Figure 11c. Both hardness and tensile strength increase with increasing sintering
temperature, which is consistent with the trend of density with sintering temperature.
Rockwell hardness is measured by pressing an indenter into the surface of an object with a
certain force and determining the hardness from the depth of the indentation residue. The
part sintered at 1300 ◦C contained a 12.74% porosity, which was easier for the indenter to
press into during the hardness test, leaving deeper craters in the samples, resulting in a
relatively low hardness of 87.48 ± 1.03 HRBW. After sintering at 1390 ◦C, the parts had a
porosity of 4.17% and a high density. The dense structure impedes the indenter during the
testing process, resulting in a shallower indentation depth remaining on the surface and a
corresponding increase in hardness.
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The tensile strength results presented in Figure 11c reveal a noteworthy increase in
tensile strength, rising from 567.53 MPa to 770 MPa, representing a 35.68% increase as
temperature escalates from 1300 ◦C to 1390 ◦C. Figure 11d shows the stress–strain curves
of the sintered parts at different temperatures. These curves indicate that the 15-5PH steel
parts experienced fracturing with a relatively small plastic deformation. Tensile strength
and relative density are closely related. The part sintered at 1300 ◦C contains more pores,
which act as a source of cracks during the tensile process, making the material unable to
withstand too high of a load before fracture. As the temperature rises, the internal pores
of the part gradually shrink or even close and the porosity decreases. The degree of pore
spheroidisation is high and mostly small, so these pores require higher stress conditions
to become crack sources, leading to the specimen being able to withstand higher loads.
The fracture morphology of sintered parts at different temperatures is shown in Figure 13.
Figure 13a shows a sample sintered at 1300 ◦C with many river-like patterns on the fracture
surface, which is a typical appearance of a brittle fracture. The fracture morphology of
the sintered part at 1390 ◦C (Figure 13b) shows that it still contains internal pores. It is
noteworthy that in addition to the brittle fracture characteristics, there are also a large
number of dimple-like micropores on the fracture surface at 1390 ◦C. Local magnification
of the sintered parts at 1390 ◦C shows the presence of unmelted powders in the dimple-
like micropores. These powders detach from the matrix under external forces to form
micropores and gradually grow to form dimples.
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Figure 13. SEM images of the tensile fracture of sintered parts at different temperatures: (a,b) 1300 ◦C,
(c,d) 1390 ◦C.

4. Conclusions

This work has successfully developed 15-5PH stainless steel granules that can be
used for metal FDM. Printing, debinding and sintering processes of metal FDM were
investigated using these granules as a raw material. Metal parts were fabricated using
low-cost 3D printing technology. The main conclusions of the research are as follows:

1. The 15-5PH stainless steel powder is evenly distributed in the granules without
agglomeration. The MFR of the granule materials is sensitive to temperature changes,
and the fluidity of the granules is the best at 285 ◦C. The selection of the nozzle
diameter and the adaptability of the printer to the viscosity of granules are key to
successful printing. The condition of the fan at the nozzle determines the surface
quality of the part. The optimum printing parameters are a nozzle diameter 0.8 mm,
an extrusion multiplier 180% and the fan shut off at the nozzle.

2. Solvent debinding removes soluble components from green parts and provides a path-
way for gas diffusion during the thermal debinding process. The solvent debinding
rate increases continuously with increasing debinding temperature and time. The
debinding rate reaches its maximum at a temperature of 75 ◦C for 24 h, which is
98.7%. At the same temperature, the debinding rate increment gradually decreases
and eventually stabilizes over time. During the thermal debinding process, sintering
necks form between the metal powders, preserving the part’s structural integrity. All
of the binder was removed and the weight loss was about 10% after debinding.

3. The relative density of sintered parts experiences a steady rise with increasing sin-
tering temperature, progressing from 87.26% at 1300 ◦C to 95.83% at 1390 ◦C. The
microstructure indicates that the parts sintered at 1300 ◦C contain many pores with
large sizes. And the number and size of pores decrease significantly at 1390 ◦C. The
dimensional shrinkage of the sintered parts remains uniform in the X-Y-Z directions.
The shrinkage amplifies as the sintering temperature rises, with the range of shrinkage
varying from 13.26% to 19.58% within the temperature range of 1300 ◦C to 1390 ◦C.
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4. The hardness and tensile strength of sintered parts increase with increasing tem-
perature, which is mainly related to the density of the part. The hardness of the
sintered parts is 87.48 ± 1.03 HRBW at 1300 ◦C, and it does not change significantly
between 1375 ◦C and 1390 ◦C. The tensile strength of the sintered parts increases from
567.53 MPa at 1300 ◦C to 770 MPa at 1390 ◦C, an increase of 35.68%. The fracture
surface of the sintered parts at 1300 ◦C shows many dissociated sections, while the
fracture surface at 1390 ◦C shows many dimples. The 15-5PH steel parts show brittle
fracture with almost no plastic deformation.

This work achieves the low-cost additive manufacturing of metal parts, which has
great advantages in the production of small batches and personalised parts. However, the
mechanical properties of parts produced by metal FDM need to be improved, and better
mechanical properties are expected to be achieved by adjusting the FDM printing param-
eters and optimising the debinding and sintering processes. Future research directions
could focus on investigating printing parameters and changing sintering methods, such as
using vacuum hot pressing sintering, microwave sintering and other sintering methods to
improve the mechanical properties of materials. The sintered part can also be subjected
to heat treatments such as solution and aging to improve the mechanical properties and
expand its application scenarios.
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Abstract: The nucleation and growth processes of pure Fe/pure Al intermetallic compounds (IMCs)
during heat treatment at 380 ◦C and 520 ◦C were observed through in situ scanning electron mi-
croscopy (SEM). The size of the IMCs were statistically analyzed using image analysis software. The
types and distribution of IMCs were characterized using transmission electron microscopy (TEM)
and electron backscattering diffraction (EBSD). The results showed that: at 380 ◦C, the primary phase
of the Fe/Al composite intermetallic compounds was Fe4Al13, formed on the Fe side and habituated
with Fe. The IMC was completely transformed from the initial Fe4Al13 to the most stable Fe2Al5,
and the Fe2Al5 was the habitus with Fe during the process of holding at 380 ◦C for 15 min to 60 min.
At 380 ◦C, the initial growth rate of the IMC was controlled by reaction, and the growth rate of the
thickness and horizontal dimensions was basically the same as 0.02–0.17 µm/min. When the IMC
layer thickness reached 4.5 µm, the growth rate of the thickness changed from reaction control to
diffusion control and decreased to 0.007 µm/min. After heat treatment at 520 ◦C (≤20 min), the
growth of IMC was still controlled by the reaction, the horizontal growth rate was 0.53 µm/min, the
thickness growth rate was 0.23 µm/min, and the main phase of the IMC was the Fe2Al5 phase at
520 ◦C/20 min.

Keywords: pure Fe/pure Al composites; intermetallic compounds; in situ heat treatments; habitus;
growth rate

1. Introduction

Fe/Al composites have the advantages of the excellent mechanical properties of Fe and
corrosion resistance, good thermal conductivity, and the low density of Al, so they are more
and more widely used in vehicles, ships, power stations, household appliances, and in other
fields [1–4]. However, in the follow-up heat treatment process, the interface of the Fe/Al
composites can very easily produce intermetallic phases, which are brittle and can reduce
the bonding strength of the interface. Some researchers believe that, in IMCs, a thickness
less than 10 µm has no adverse effect on joint strength and may even improve the quality
of the joint. However, when the thickness exceeds 10 µm, the joint strength significantly
decreases [5–7]. Therefore, in the past few decades, in order to control the growth of IMCs
at the interface of Fe/Al composites, studies have found that adding elements such as Si
and Zn to Al could delay the formation time of IMC at the interface [8–10]. Among them,
0.8–1.5% Si element had the best inhibitory effect on IMC formation [11–13]; it was used
to control Fe/Al intermetallics, inhibit the production of brittle intermetallics [14], and
change the distribution and morphology of intermetallic compounds at the interface (such
as from continuous distribution to intermittent distribution or from lamellar to spherical
distribution) [15]. The interfacial bonding properties of the Fe/Al composites were changed
by means of controlling the intermetallic layer thickness below 10 µm [16] and reducing
the grain size of the IMC layer [17]. Most of these studies focused on microalloying and
IMC growth kinetics. Little attention was paid to the early stages of nucleation and growth
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of IMCs in Fe/Al systems and their evolution with the increase in the heat treatment
temperature or reaction time. However, without a deeper understanding of the entire
growth kinetics of these phases, such research would still be an expensive trial-and-error
process.

In recent years, in situ experiments have become important tools for elucidating the
entire phase transition process at moving interfaces. Szczepaniak [18] used a new type of in
situ heating transmission electron microscope for the first time, and the formation process of
the FexAly phase at the weld interface of a friction stir welding specimen was characterized
in real time. The results showed that acicular Fe4Al13 was the first stable phase formed in
the annealed state. Sapanathan [19] characterized the nucleation and early growth stages
of Fe/Al intermetallics at 596 ◦C using an in situ heating device in a special scanning
electron microscope with electron backscatter diffraction; the results showed that the
Fe4Al13 phase nucleates first, before the Fe2Al5 phase diffusion-controlled growth. Barbora
Křivská [20] utilized in situ TEM to investigate the formation of Fe2Al5 at the interface
through isothermal annealing above 500 ◦C. The growth kinetics followed the typical
parabolic trend of diffusion-controlled phase transformation. The brittle intermetallic
phase that formed reduced the bonding strength between the steel and aluminum. Kai
Zhang [21] conducted in situ observations of the melting and solidification process of an
Fe/Al/Ta eutectic alloy using high-temperature confocal scanning laser microscopy. The
results showed that when the temperature was below 1600 ◦C, no other types of phase
transformations were observed in the Fe/Al/Ta eutectic alloy. After solidification, the
strengthening phase exhibited a certain orientation, and the microstructure at the center of
the eutectic cell was more regular compared with the microstructure at the grain boundaries.
Junsheng Wang [22] conducted a study of the in situ synchrotron radiation imaging of the
formation of iron-rich intermetallics during the solidification process of an Al-7.5Si-3.5Cu-
0.8Fe (wt.%) alloy. It was found that the nucleation of iron-rich β-intermetallic compounds
occurred between 550 and 570 ◦C. Initially, they grew with an instantaneous tip velocity of
100 µm/s, which then slowed down to 10 µm/s at the end of the growth.

Due to the rapid growth kinetics of IMCs in Fe/Al binary systems, the early stages
of nucleation and IMC growth cannot be captured by non-in situ analysis. Therefore, this
study employed in situ heating SEM observations at 380 ◦C and 520 ◦C to monitor the
microstructural and morphological changes in a Fe/Al system, aiming to investigate the
nucleation, early growth kinetics, and phase transition of IMC in the initial stages, and
quantitative analysis was conducted to study the growth process of the multiple nucleation
points of the IMC. The ultimate goal was to explore the growth mechanism of IMC.

2. Materials and Methods

The materials were 2 mm annealed pure Al plate (99.99 wt.%) and 3 mm annealed
pure Fe plate (99.9 wt.%). Before the rolling composite, the Al plate and Fe plate were
pickled, the composite surface was polished with a steel brush, and the rolling deformation
was 40%; after the final rolling, the thickness of the Fe/Al composite was 3 mm, the Al layer
was 1 mm, and the Fe layer was 2 mm. The cold-rolled composite was carried out at 25 ◦C;
the Fe layer would not oxidize, and the Al layer material would oxidize and produced
Al2O3 after grinding. The thickness of the oxide layer was 2–3 nm, and the oxide layer
was broken during the rolling process, which did not adversely affect the rolled composite
interface. The wire-cut sample size was 460 × 30 × 1 mm3 (length × width × height), and
a SEM (Gemini SEM 300 (Zeiss, Oberkochen, Germany)) equipped with a heating table
(MINI-HT1200-SE, as shown in Figure 1) was used to heat the sample in situ at 380 ◦C and
520 ◦C. The temperature was continuously measured with the thermocouple in contact with
the sample, the temperature control accuracy was ±2 ◦C, and the working voltage of the
SEM was 18kV. The microstructure evolution during the heating process was continuously
recorded using screen recording software (EVCapture v4.0.2).
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Figure 1. In situ heating unit.

In our early non-in situ experiments, it was found that after a 370 ◦C/1 h heat treatment
of pure Fe/pure Al composites, the thickness of IMCs was approximately 10 nm, making it
challenging to observe the nucleation and growth process using SEM. These results will
be presented in another article. However, after a 380 ◦C/1 h heat treatment, the IMCs
thickness increased to approximately 3–5 µm, which met the size requirements for in situ
SEM observation during the heating process. Moreover, at 380 ◦C, the growth rate of the
IMCs layer was slow, which was highly favorable for clear observation of the details of
IMCs nucleation and subsequent growth processes. Therefore, 380 ◦C was selected as the
minimum temperature for in situ heating experiments, and 520 ◦C was the heat treatment
temperature of materials used for air cooling in power stations [2].

After the heating stage, because the thickness of intermetallic compound layers fluctu-
ated greatly, in order to better study the growth law of intermetallic compound layers, the
maximum values in 20 fields of view were counted in a sample, and the average values
were used to characterize the average thickness of intermetallic compound layers, then the
intermetallic layer size was evaluated by image analysis system (image pro plus 6.0), FIB
sample preparation (Helios G4 PFIB CXe (Thermo Fisher Scientific, Waltham, MA, USA))
was used for TEM (FEITalosF200X-G2 (Lincoln, NE, USA)) microscopic analysis, and after
fine polishing and vibration polishing, EBSD analysis (FEI QUANTA FEG650 (Thermo
Fisher Scientific, Waltham, MA, USA)) was carried out, as shown in Table 1.

Table 1. Samples in materials and methods.

Sample Materials Temperature/◦C Holding
Time/min

Characterization
Methods

1#
pure Fe/pure Al

380 20 FIB + TEM
2# 380 60 FIB + TEM, Size statistics
3# 520 20 EBSD, Size statistics
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3. Results and Discussion
3.1. Nucleation and Characterization of Fe/Al Intermetallic Compounds

Figure 2 shows the SEM and TEM characterization of Fe/Al composites intermetallic
compounds during in situ heating at 380 ◦C. Figure 2a shows the interface morphology of
Fe/Al composites without heating, Figure 2b shows the enlarged interface morphology
of the green box in Figure 2a after heat treatment at 380 ◦C/20 min. It could be seen from
Figure 2b that IMCs of about 100 nm were formed at the interface after heat treatment. The
TEM analysis of IMCs was shown in Figure 2c,d. As showed in Figure 2d, the red markings
represent the diffraction pattern of Fe, while the green markings represent the diffraction
pattern of Fe4Al13, and it can be seen that the IMCs were Fe4Al13 phase, the (2 0 0) plane
of Fe was parallel to the (6 0 1) plane of Fe4Al13, and the axial direction of Fe [0 0 1] was
parallel to the axial direction of Fe4Al13 [1,3–6], description of the initial Fe4Al13 and Fe
habitus. Therefore, the primary phase of Fe/Al composites intermetallic compounds was
the Fe4Al13.

Figure 2. Fe/Al in situ heat treatment with SEM and TEM at 380 ◦C/20 min. (a) In situ SEM of Fe/Al
composites at 380 ◦C/0 min. (b) In situ SEM of Fe/Al composites at 380 ◦C/20 min. (c,d) TEM of
Fe/Al composites at 380 ◦C/20 min.

3.2. In Situ Observation and Characterization of Early Growth of IMCs at 380 ◦C

Figure 3a–i show the nucleation and growth of IMCs during heat treatment at 380 ◦C,
and as can be seen from the picture, IMCs (about 400 nm) began to nucleate at the A position
was on the Fe side. With the extension of holding time, three new nucleation points, B,
C and D, were formed at the interface, and the thickness was between 100–400 nm. The
IMCs at four points had been integrated in the horizontal direction, especially the IMCs at
points B and D, which were difficult to distinguish under SEM at 380 ◦C/60 min. In order
to facilitate subsequent size statistics, the horizontal dimension of the IMCs at points B and
D was combined into Bwidth + Dwidth.

The maximum size of IMCs in the horizontal and thickness direction at points A, B,
C and D in Figure 3 were statistically analyzed using image pro, and the growth degree
of IMCs at each point was quantitatively measured, as shown in Figure 4. The initial
growth rate of IMCs at the four position points was basically consistent in the thickness and
horizontal direction. The initial growth rate of IMCs at point A was 0.17 µm/min, point B
and point C were all 0.07 µm/min, and point D was 0.02 µm/min. It was worth noting
that after 50 min at point A, the growth rate of IMCs in the thickness direction was greatly
reduced to 0.007 µm/min, but the growth rate in the horizontal direction had little change.
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Figure 3. Sequence of IMCs nucleation and growth obtained from in situ SEM observations at
380 ◦C (a) t = 0 min; (b) t = 20 min, the red arrow indicates where the interface IMCs began to
nucleate and marked it as A; (c) t = 25 min, two nucleation points B and C were added at the
interface; (d) t = 30 min; (e) t = 35 min; (f) t = 40 min, a D-nucleate point was added at the interface;
(g) t = 45 min; (h) t = 50 min; (i) t = 60 min, the IMCs of point B and D grew into one body, and then
the IMCs of two points B and D were analyzed as B + D.

Figure 4. (a) Evolution of the maximum size of IMCs phase in horizontal direction and thickness
direction over time at points A, B, C and D (in Figure 3); (b) the Cr with changing of r (considering
the Gibbs–Thomson effect).

At the initial stage of IMCs growth, the change in IMCs thickness was controlled by
reaction and had a linear relationship with time. In this study, the horizontal size and
thickness growth rate were basically the same, which was also linear with time. Therefore,
in the initial stage of IMCs growth, the horizontal size of IMCs was also controlled by
the reaction. When the thickness of IMCs reached 4.5 µm, the growth rate of thickness
decreased greatly, which was due to the limitation of element diffusion, and the growth
mode changed from reaction control to diffusion control, so, at 380 ◦C, the critical thickness
of the transition from the reaction-controlled to diffusion-controlled growth rate was
4.5 µm.
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When the second phase particles were very small, they had a high surface-to-volume
ratio and a small curvature radius. In this case, the influence of surface tension on solu-
bility must be considered, which is known as the Gibbs–Thomson effect [23]. Indeed, the
corrected solubility limit Cr of B atoms in α matrix in equilibrium with β phase occurring
as spherical particles of radius r is often given as a function of r [24]:

Cα
r = Cα

∞exp(
2γVm
rRT

)
(1)

where Cr is the solute concentration at the interfacial region in the matrix near the second
phase. r is the radius of the second phase particles. T is the temperature, γ is the surface
energy, R is the molar gas constant and Vm is the molar volume.

Considering the Gibbs–Thomson effect, it was demonstrated in Figure 4b schematically
the solute concentration Cr with changing of particle radius. Because the radii of the second
phase particles at four positions pointed in Figure 3 was in the order of rA > rB (or rC) > rD,
the solute concentration near the particles could be estimated based on Equation (1) as
CrD > CrB (or CrC) > CrA. It is clear that the solute concentration in the Al matrix was 100%,
thereafter the solute concentration difference between Cr and Al matrix was ∆CrA > ∆CrB
(or ∆CrC) > ∆CrD. Correspondingly, the chemical driving force for the second phase was
greatest at point A and least at point D; therefore, the growth rates of the second phase at
the four points were evaluated to be kA > kB (or kC) > kD.

It should be noted that the surface of the sample heated in situ observed in this study
was an open free surface, which was easier to nucleate and grow than the inside of the
sample, and its morphology was irregular polygon-like. In the subsequent TEM and EBSD
characterization, it was found that the size of IMCs on the non-free surface inside the
interface was significantly smaller than that on the free surface, and its morphology was
flat and its thickness was evenly distributed.

Figure 5 shows the TEM analysis of the interface IMCs after heat treatment at
380 ◦C/60 min, and Figure 5a shows the interface morphology of the sample after fine
grinding and polishing. The thickness of the IMCs layer was about 500 nm, and the orange
box represented the FIB sample preparation area. Figure 5b shows the sample prepared
by FIB, and it can be seen that there are two obvious pore defects in the IMCs layer. IMCs
was closely bound to the contact surface of Fe layer and Al layer, without obvious gaps,
cracks, and other defects. Figure 5c shows the TEM bright field diagram, and it can be
seen that cracks and other defects appeared at the contact surface between the IMCs and
Fe layer, as well as between the IMCs and Al layer, which should be generated during the
thinning process of the FIB sample preparation and not the defects of the sample itself. The
diffraction analysis of IMCs was shown in Figure 5f, the IMCs were polycrystalline Fe2Al5.
We performed high-resolution analysis on the interface between IMCs layer and Fe layer
(green color box in Figure 5c) and the interface between IMCs layer and Al layer (red color
box in Figure 5c), respectively, and the results showed that the (2 1 1) and (2 2 0) planes
of the Fe2Al5 phase were parallel to the (1 0 1) and (1 1 0) planes of Fe, respectively, and
Fe2Al5 was habituated with Fe, but no parallel plane existed between Fe2Al5 and Al.

According to reports [5–7], when the thickness of IMCs was less than 4 µm, and no
cracks or other defects on the contact surface of the IMCs and Fe layer, IMCs and Al layer,
the bonding strength of IMCs relative to Fe/Al composites interface had no adverse effects,
in this study, at 380 ◦C/60 min, the IMCs were about 500 nm, and there were no cracks
and other defects on the contact surface, so the IMCs had no adverse effect on the bonding
strength of the Fe/Al composites interface. The IMCs of Fe/Al composites were completely
transformed from the initial Fe4Al13 to the most stable Fe2Al5 during heat treatment at
380 ◦C for 15 min to 60 min. Both the Fe4Al13 and Fe2Al5 phases were habituated with Fe,
indicating that Fe4Al13 and Fe2Al5 phases had a closer orientation to Fe and were generated
from the Fe side.
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Figure 5. TEM analysis of IMCs after heat treatment at 380 ◦C/60 min. (a) SEM interface morphology
of IMCs after fine grinding and polishing; (b) SEM morphology after FIB preparation; (c) TEM sample
open field diagram; (d) high resolution image at the interface between IMCs layer and Fe layer;
(e) high resolution image at the interface between IMCs layer and Al layer; (f) diffraction pattern of
IMCs phase.

3.3. In Situ Observation and Characterization of IMCs at 520 ◦C

Figure 6a–i showed the nucleation and growth of IMCs during heat treatment at 520 ◦C;
as seen from Figure 6b, when the holding time was 4 min, the IMCs began to nucleate at
the interface, and the IMCs were all less than 1 µm, at the same time, the horizontal size
of IMCs on the left side of point A was Lwidth. When the holding time was extended to
6 min, more nucleation occurred at the interface, and obvious crack defects were formed
on the Al side near the IMCs layer, as indicated by the yellow arrow in Figure 6c–i. With
the extension of holding time, the size of IMCs gradually increased along the thickness and
horizontal direction, and the cracks and defects concentrated in the Al side near the IMCs
increased. The average thickness size and Lwidth of the interface IMCs in the whole process
were statistically analyzed, and the results were shown in Figure 7.

Figure 6. Sequence of IMCs nucleation and growth obtained from in situ SEM observations at 520 ◦C
(a) t = 0 min; (b) t = 4 min, the horizontal dimension of the IMCs layer to the left of point A was Lwidth;
(c) t = 6 min; (d) t = 8 min; (e) t = 10 min; (f) t = 12 min; (g) t = 14 min; (h) t = 16 min; (i) t = 20 min.
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Figure 7. Evolution of IMCs phase average thickness and maximum Lwidth size over time.

It could be seen from Figure 7 that the average thickness growth rate of IMCs was
0.23 µm/min, and the growth rate of Lwidth was 0.53 µm/min, which was 2.3 times larger
than that of the thickness. Compared with 380 ◦C, at 520 ◦C heat treatment, the growth of
IMCs phase size was still controlled by the reaction, but its growth rate in the horizontal
direction was significantly higher than that in the thickness direction.

There were obvious crack defects on the Al side, which might be caused by two
reasons [25]: 1© The Kirkendall effect during the diffusion of elements; 2© The volume
expansion caused by IMCs generation. A single Al cell was composed of 4 Al atoms, the
volume of the cell was VAl = 66.3 Å3, a single Fe cell consisted of 2 Fe atoms, and the
cell volume VFe = 23.6 Å3, a single Fe2Al5 cell consisted of 10.8 Al atoms and 4 Fe atoms,
and the cell volume VFe2Al5 = 206.5 Å3. Because the difference between VFe2Al5 and the
consumed V was less than 10%, the volume change in the generated Fe2Al5 phase was not
the main reason for the crack defects.

At 520 ◦C, DAl (Fe2Al5) = 8.1 × 10−6 cm2/s > DFe (Fe2Al5) = 3.6 × 10−12 cm2/s [26],
the number of atoms of Al atom arriving at the Fe interface through Fe2Al5 was six orders
of magnitude higher than that of Fe atom arriving at the Al interface through Fe2Al5
phase, so the number of diffused Fe atoms was negligible, and the diffusion of Al in
Fe2Al5 was dominant. In the subsequent process of this experiment (at 520 ◦C/60 min),
the crack defects would be transformed into separated cracks, as the sample became more
continuous during cooling (the results of this part of the experiment will be shown in
another article), and it could be inferred that the crack defects were mainly caused by the
Al side of Kirkendall.

Figure 8 shows the EBSD characterization of Fe/Al composites after in situ heating at
520 ◦C/20 min, RD surface with fine grinding and vibration polishing. It can be seen that
the main constituent phase of IMCs was Fe2Al5, and only a small amount of Fe4Al13 was
distributed in the middle of Fe2Al5. It was confirmed that Fe2Al5 was the main phase and
stable phase of IMCs in Fe/Al composites.

During the heat treatment process, the Fe4Al13 was the primary phase that formed at
the Fe/Al interface initially; subsequently, the Fe4Al13 underwent rapid reaction with the Fe,
transforming into the Fe2Al5; therefore, the Fe2Al5 rapidly grew and became the dominant
phase of IMCs. Moreover, the diffusion rate of Al within the Fe2Al5 was significantly higher
than that of Fe within the Fe2Al5 [26], the new Fe4Al13 forms at the Al/Fe2Al5 interface [27],
the coexistence of two IMCs, with the Fe2Al5 as the dominant one, had been observed.
In Figure 8b, an inverse pole figure (IPF) map was presented, showing that the Al matrix
was in a recrystallized state, while the Fe matrix was still in a deformed state. Concerning
Fe2Al5, at 520 ◦C, the reaction might locate at the proper value region of driving force and
diffusion rate, i.e., the nose of the reaction, which could result in smaller grain sizes.
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Figure 8. (a,b) EBSD characterization of IMCs at 520 ◦C/20 min.

4. Conclusions

(1) At 380 ◦C, the primary phase of Fe/Al composite intermetallic compounds was
Fe4Al13 formed on the Fe side and habituated with Fe. The IMCs changed from the
initial Fe4Al13 to the most stable Fe2Al5 when the heat treatment was extended from
15 min to 60 min, and the Fe2Al5 phase was habitus with Fe.

(2) During heat treatment at 380 ◦C, the initial growth rate of Fe/Al composite intermetal-
lic compounds was controlled by reaction. The initial growth rate of thickness and hor-
izontal dimensions of IMCs was basically the same, ranging from 0.02–0.17 µm/min.
When the thickness reached 4.5 µm, the growth rate of the thickness changed from
reaction control to diffusion control, the critical thickness of the transformation was
4.5 µm, and the growth rate decreased to 0.007 µm/min.

(3) After heat treatment at 520 ◦C (≤20 min), the growth of IMCs was still controlled by
the reaction, the horizontal growth rate was 0.53 µm/min, the thickness growth rate
was 0.23 µm/min, and the main component of IMCs was Fe2Al5 at 520 ◦C/20 min.
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Abstract: Inconel 718 (IN 718) powder is used for a laser powder bed fusion (LPBF) printer, but the
mechanical properties of the as-built object are not suited to cold deep drawing applications. This
study uses the Taguchi method to design experimental groups to determine the effect of various
factors on the mechanical properties of as-built objects produced using an LPBF printer. The optimal
printing parameters are defined using the result for the factor response to produce an as-built object
with the greatest ultimate tensile strength (UTS), and this is used to produce a specimen for post-
processing, including heat treatment (HT) and surface finishing. The HT parameter value that gives
the maximum UTS is the optimal HT parameter. The optimal printing and HT parameter values
are used to manufacture a die and a punch to verify the suitability of the manufactured tool for
deep drawing applications. The experimental results show that the greatest UTS is 1091.33 MPa.
The optimal printing parameters include a laser power of 190 W, a scanning speed of 600 mm/s, a
hatch space of 0.105 mm and a layer thickness of 40 µm, which give a UTS of 1122.88 MPa. The UTS
for the post-processed specimen increases to 1511.9 MPa. The optimal parameter values for HT are
heating to 720 ◦C and maintaining this temperature for 8 h, decreasing the temperature to 620 ◦C
and maintaining this temperature for 8 h, and cooling to room temperature in the furnace. Surface
finishing increases the hardness to HRC 55. Tools, including a punch and a die, are manufactured
using these optimized parameter values. The deep drawing experiment demonstrates that the
manufactured tools that are produced using these values form a round cup of Aluminum alloy
6061. The parameter values that are defined can be used to manufacture IN 718 tools with a UTS
of more than 1500 MPa and a hardness of more than 50 HRC, so these tools are suited to cold deep
drawing specifications.

Keywords: power bed fusion; Inconel 718; deep drawing; optimization; post-processing

1. Introduction

Additive manufacturing (AM) is a layer-stacking technology that forms material,
layer by layer, into a three-dimensional physical object. AM is used to manufacture
complex geometrical objects with low material waste and produces objects faster than a
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subtractive manufacturing method. AM is used in the biomedical, automotive, aerospace
and tooling industries. Powder bed fusion (PBF), sheet lamination (SL), binder jetting
(BJ), material extrusion (ME), and direct energy deposition (DED) are techniques to print
metal parts. PBF is the most common method because it is financially expedient, and
production time is reduced. It also produces metal objects with acceptable accuracy and
with mechanical properties that are similar to those of parts that are produced using
conventional manufacturing methods [1–4].

Laser powder bed fusion (LPBF) is used to print metal objects with complex geometries.
LPBF uses a high-intensity laser to melt metal powder using a predefined scanning path
for each layer, so layers are stacked to form a three-dimensional (3D) object. The printing
parameters include laser power, scanning speed, hatch space, and layer thickness, and these
are defined before the printing process is conducted [5–7]. These four parameters affect the
relative density, surface roughness, and mechanical properties of an as-built object that is
produced using an LPBF printer.

Inconel (IN) 718 powder is a nickel-based super-alloy that is used for LPBF print-
ers [1,6–9]. It features high wear resistance, superior corrosion resistance, and excellent
mechanical properties that remain stable at high temperatures. It is used to manufac-
ture turbine blades for the power industry, jet turbines for the aerospace industry, and to
manufacture mould and die parts for metal forming because mechanical properties are
improved [10,11]. The results of several studies on the printing parameters for IN 718 are
summarized in Table 1, which shows that different LPBF printers use different printing
parameters. The values for printing parameters must be optimized to maximize accuracy
and to optimize the good mechanical properties of an as-built object. The optimization of
printing parameters by trial-and-error wastes time and money.

Table 1. Printing parameters for IN 718 for different LPBF machines.

Laser Power
(W)

Scanning Speed
(mm/s)

Hatch Space
(µm)

Layer
Thickness (µm) Ref.

180 600 105 35 [12]
200 700 - 60 [13]
350 600 80 40 [14]
200 800 105 30 [15]
190 800 90 30 [16]
180 600 105 30 [17]

170–370 500–1200 80–120 40 [18]

The optimization of parameter values for a material for an LPBF printer requires a
long research process [19,20]. The Taguchi method can be used to optimize the printing
parameter values for an LPBF printer for specific materials. The time and material cost [21]
for an experiment is reduced because a design of experiment replaces trial and error [22].
One study’s results for the printing parameters for IN 625 for an LPBF show that the
laser power most significantly affects hardness and surface roughness, followed by the
scanning speed and hatch space [23]. Another study determined the effect of laser power,
scan speed, and hatch space on the micro-hardness and surface roughness of printed IN
625 samples, and the results show that the optimal values for printing parameters are a
laser power of 270 W, a scan speed of 800 mm/s and a hatch space of 0.08 mm, which
produce a micro-hardness of 416 HV and a surface roughness of 2.82 µm [21]. Analysis of
variance (ANOVA) is used in many of the Taguchi methods as a test procedure to solve the
problem of optimizing parameters for an output in a process [24]. SS 316L was fabricated
with LPBF using ANOVA as a test procedure, verifying the effect of printing parameters
in reducing porosity formed in the fabrication process. Their study result shows a 74.9%
reduction in porosity [25]. However, no studies use the Taguchi method to optimize the
values for printing parameters for IN 718 or to determine the factors that affect the ultimate
tensile strength of the as-built object.
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AM is used for the direct printing of metal dies [26]. LPBF was also used to print die-
casting inserts, and the mechanical properties of the printed inserts render them unsuited
for use in the production of a die. Printed insert dies must be post-processed to improve
the mechanical properties of the as-built object [27]. Cold deep drawing is one type of
metal formed in the manufacturing process. This cold working process can produce metal
parts at temperatures from room temperature to 30% of the melting point of the material
being worked. The mechanical properties of a cold drawing die include an ultimate tensile
strength (UTS) of more than 1500 MPa and a hardness of more than 50 HRC [28,29].

Another study printed a die using H13 for hot extrusion using an LPBF printer, and the
experimental results show that there are high residual stresses in the as-built H13 die, so it
is unsuitable for direct extrusion because high residual stress leads to cracking easily when
the material deforms in the extrusion die [30]. This shows that the mechanical properties of
as-built metal die that are produced using an LPBF printer must be measured to determine
their suitability for die applications. Post-processing improves the mechanical properties
of the as-built object.

Heat treatment (HT) is used in the manufacturing industry to improve the mechanical
properties of metals. IN 718 can undergo heat treatment using precipitate hardening.
Generally, precipitate hardening has two steps: the first is solution treatment to produce the
γ phase, and the second is artificial ageing to produce the γ′ and γ′′ phases [31,32]. However,
some research was performed for double artificial ageing to improve the mechanical
properties of IN 718. Double ageing (DA) was used for IN 718 treatment with temperature
of the specimen being 700 ◦C, with a holding time of 12 h for the first ageing sequence. The
temperature is then reduced to 620 ◦C, with a hold time of 6 h as the second ageing sequence,
followed by air cooling. DA increases the UTS for IN 718 to more than 1500 MPa [26,33]. IN
718 manufactured by directed energy deposition has shown the best performance of creep
phenomenon after DA treatment. Its creep lifetime is 200/h, the highest value compared
to other heat treatments (HT), such as HT homogenization and hot isotactic pressing and
DA [34]. However, some studies explained that, without solution treatment as the first
treatment in precipitation hardening of IN 718, this made the formed γ phase unstable [32].

This study fabricates IN 718 tools for a round cup deep drawing application using an
LPBF printer. However, as far as the author knows, there is still no study that applies LPBF
to print parts for cold deep drawing. In addition, the Taguchi method is used to determine
the optimal printing parameter values for IN 718 powder that produce the best mechanical
properties in terms of UTS, hardness, and surface roughness. The study then determines
whether the optimal parameter values for the DA treatment for as-built IN 718 specimens
produce mechanical properties that are suited to a deep drawing application. Tools are
produced and set up on a stamping machine to verify their suitability in a round cup deep
drawing application.

2. Materials and Methods
2.1. Research Flow

This study proposes a standard procedure to print IN 718 tools for a cold deep drawing
application. The mechanical properties of the as-built, heat-treated, and surface-finished
objects are determined. This study used an LPBF printer and the Taguchi method to
optimize the printing parameter values for IN718 that produce the greatest UTS. These
optimized printing parameters are then used to manufacture a specimen for DA treatment
using different parameter values. The UTS of the printed die must be greater than 1500 MPa,
and the hardness must be greater than 50 HRC for a cold deep drawing application.

Figure 1 shows the research flow for this study. Previous studies show that four factors
affect the UTS: laser power, scanning speed, hatch space, and layer thickness. The printing
parameter values for 9 experimental groups were determined using the Taguchi method.
The specimens for each group were printed, and a tensile test was conducted. A comparison
of the UTS values for the 9 groups shows the printing parameter that has the maximal
UTS, and this is optimized using the result of the Taguchi method. The optimized printing
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parameter is used to reprint the tensile specimens. Half of the tensile specimens underwent
DA treatment using different parameter values, and all specimens were subjected to a
tensile test to determine the effect of DA treatment and the surface finish on the UTS and
hardness. The optimal printing and DA parameter values were then used to produce tools
for a deep drawing test.
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Figure 1. Research flow for this study.

2.2. Material Preparation and Laser Powder Bed Fusion Printer

IN 718 powders were purchased from Chung Yo Materials Co., Ltd., Kaohsiung,
Taiwan. These were subject to sieving and drying before the printing process. The powder
was sieved using a filter with a mesh size of 60 µm. The drying process used a temperature
of 150 ◦C and a holding time of 1 h. Figure 2 shows a scanning electron microscope (SEM)
image of IN 718 powder, which has a diameter of 10–50 µm.
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An LPBF printer (AMP-160, Tongtai Co., Kaohsiung, Taiwan), which uses selective
laser melting, was used to print the specimen. The specimen model was exported using a
standard tessellation language (STL) format and imported to a slicing software (Materialise
Magics 23.1, Lauven, Belgia) to generate the scanning path for the printing parameter values.

2.3. Taguchi Optimization for the Printing Parameter

The Taguchi method was used to design the experiments and to determine the rela-
tionship between the printing parameters and their effect on the mechanical properties of
as-built objects, including UTS and hardness. The printing parameters are laser power (P),
scan speed (V), hatch spacing (H) and layer thickness (Lt), which are calculated using the
volumetric laser density (VED) formula (J/mm3) as Equation (1):

VED =
P

V·H·Lt
(1)

This study uses the UTS as the criterion for the Taguchi method. The greater the UTS,
the more optimized is the printing parameter. The signal-to-noise (S/N) ratio is a standard
for quality control and is expressed as Equation (2). Increasing the S/N value decreases the
standard deviation, so the parameters are more stable [19,35].

S
Ni

= −10 log

(
1
n

n

∑
i=1

1
y2

i

)
(2)

The printed tensile specimens were subjected to tensile testing. The specimen details
pertain to ASTM E8 standards. Before the printing parameters were optimized, the tensile
specimen was printed using the vertical and horizontal building, as shown in Figure 3, to
determine the effect of building direction difference on the tensile test result. The best build
direction was used for the experiment.
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Figure 3. Tensile specimens using (a) vertical and (b) horizontal building directions.

The printing parameter values in Table 2 show that the minimum and maximum
values for laser power, scanning speed, and layer thickness are 180 W and 200 W, 600 mm/s
and 800 mm/s, 0.08 mm and 0.105 mm, and 30 microns and 50 microns, respectively. The
Taguchi method for this study uses a level of 3, and the printing parameter table is shown
in Table 2. An orthogonal L9 table is created using Table 2 and is shown in Table 3. Each
parameter in the orthogonal table occurs the same number of times, so an analysis of
variance (ANOVA) is used to determine the effect of each parameter on the printing quality.
A lab-developed software, based on ANOVA, was used to create the response factor plots
of the average of UTS and the S/N ratio.
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Table 2. Printing parameters for the Taguchi Method.

Factor Code Parameter/Level 1 2 3

A Laser power (P) 180 190 200

B Scanning speed
(V) 600 700 800

C Hatch space (H) 0.08 0.09 0.105

D Layer thickness
(Lt) 30 35 40

Table 3. Orthogonal array for the experiment.

Sample Code (i)
Level P

(W)
V

(mm/s)
H

(mm)
Lt

(µm)
VED

(J/mm3)P V H Lt

1 1 1 1 1 180 600 0.08 30 125
2 1 2 2 2 180 700 0.09 35 81.63
3 1 3 3 3 180 800 0.105 40 53.57
4 2 1 2 3 190 600 0.09 40 87.96
5 2 2 3 1 190 700 0.105 30 86.17
6 2 3 1 2 190 800 0.08 35 84.82
7 3 1 3 2 200 600 0.105 35 90.7
8 3 2 1 3 200 700 0.08 40 89.28
9 3 3 2 1 200 800 0.09 30 92.59

Each set of experiments was repeated 6 times (r = 6), and there were nine sets of
experiments, generating 74 data sets. The experimental results are expressed in terms
of the mean value (calculated using Equation (3)), standard deviation (calculated using
Equation (4)), and S/N value (calculated using Equation (2)).

yi =
r

∑
j=1

yij

r
(3)

Si =

√
∑r

j=1
(
yij − yi

)2

r− 1
(4)

where; yij refers to the experimental data, i is the experiment of the sample code, and j is
the result of the rth investigation.

2.4. Heat Treatment

IN 718 can be strengthened through precipitation hardening, and one of the types
is double ageing (DA). In this study, the as-built IN 718 specimens involved DA using a
furnace (HTF 1800, Carbolite Gero, Derbyshire, UK). The first ageing was carried out at a
temperature of 720 ◦C and the second at 620 ◦C. The holding time in this study was varied
to obtain maximum tensile strength. First ageing has holding time variations of 6, 8, and
10 h. Meanwhile, second ageing has various holding times of 8, 10, and 12 h. For more
details, results can be observed in Table 4.

IN 718, printed with LPBF, according to the optimized printing parameters, was heated
in the furnace until it reached 720 ◦C and held for a specific duration. After the holding
process, the material was slowly cooled in the furnace at 55 ◦C per hour. The second ageing
process was reheating from room temperature to 620 ◦C and involved holding the material
at a specific time. After the holding time process, the material was cooled in the air until it
reached room temperature.

103



Materials 2023, 16, 4707

Table 4. Double ageing holding times for each experiment.

Sample Code
Double Ageing Holding Time (Hour)

First Ageing Second Ageing

T1 6 8

T2 6 10

T3 6 12

T4 8 8

T5 8 10

T6 8 12

T7 10 8

T8 10 10

T9 10 12

2.5. Hardness and Surface Roughness Measurement

Hardness was measured for the as-built, heat-treated, and surface-finished samples.
Surface finishing used shot peening and polishing. The optimized printing parameter
values were used to print the specimen. The hardness test used the Vickers method with
ASTM E384 as the testing material standard. The hardness was measured using a Vickers
hardness testing machine (HMV-G21S, Shimadzu, Kyoto, Japan). Meanwhile, surface
roughness testing used visual observation with the standard of ASTM D7127. The surface
roughness was measured using a three-dimensional microscope (VR300 Keyence, Osaka,
Japan) with the unit of µm for the roughness average (Ra).

Figure 4a shows the die for cold deep drawing that is produced by this study. Most
dies have round corners to allow the sheet material to flow into the die cavity easily, so the
hardness and surface roughness are measured on the upper side, the curved side, and the
edge of the die. Figure 4b shows the as-built specimens.
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Figure 4. Hardness and surface roughness measurement points on part of die for deep drawing
(a) and the as-built specimen (b).

2.6. Deep Drawing Application

A die and a punch were produced for a cup deep drawing experiment using the
optimized printing and DA parameter values in order to determine the suitability of the
material to a deep cold drawing application. A simple round cup shape was used to
eliminate complication in the validation of the process, as shown in Figure 5a. The post-
processed die was assembled using the blank holder, positioning pins, and a bottom plate.
The assembled die set was fixed on a mounting table. The post-processed punch was fixed
to the punch holder and driven using a press ram. An aluminum alloy (Al) 6061 sheet
with a thickness of 1 mm was placed between the post-processed die and the blank holder.
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The press ram drove the punch downward to force the sheet to flow into the die to form a
round cup.

Materials 2023, 16, x FOR PEER REVIEW 9 of 18 
 

 

  
(a) (b) 

Figure 5. Schematic diagram of a deep drawing die set (a) and the dimensions of the die and punch 

(b). 

3. Results and Discussion 

3.1. Processing Parameters Optimization by the Taguchi Method 

Specimens were printed in a horizontal and vertical orientation and were subjected 

to a tensile test, as shown in Figure 6. The results of the tensile test and the S/N ratio are 

listed in Table 5. The average ultimate strength (UTS) values for the specimens that are 

printed using a vertical building direction are less than those that are printed using a hor-

izontal building direction. The S/N ratio for the horizontally printed specimens is greater 

than 60, and the smallest average UTS is 1046.31 MPa. The printing optimization and heat 

treatment tests use horizontally printed specimens. This result is supported by previous 

research [36] as a material printed with PBLF, which has a higher tensile strength for the 

building direction of horizontal, rather than vertical.  

Figure 5. Schematic diagram of a deep drawing die set (a) and the dimensions of the die and punch (b).

Figure 5b shows the dimensions of the die and punch. The die is 95 × 95 × 9 mm3.
The center of the die has a hole with a diameter of 39.42 mm. The diameter and height of
punch are 37.42 mm and 33 mm, respectively. The edges of the hole on the top side and
the punch on the contact side have a radius of 3 mm. The thickness axis is the building
direction for the LPBF printer.

3. Results and Discussion
3.1. Processing Parameters Optimization by the Taguchi Method

Specimens were printed in a horizontal and vertical orientation and were subjected
to a tensile test, as shown in Figure 6. The results of the tensile test and the S/N ratio
are listed in Table 5. The average ultimate strength (UTS) values for the specimens that
are printed using a vertical building direction are less than those that are printed using
a horizontal building direction. The S/N ratio for the horizontally printed specimens is
greater than 60, and the smallest average UTS is 1046.31 MPa. The printing optimization
and heat treatment tests use horizontally printed specimens. This result is supported by
previous research [36] as a material printed with PBLF, which has a higher tensile strength
for the building direction of horizontal, rather than vertical.

Table 5. L9 orthogonal result for the tensile test and the S/N ratio.

Sample Code (i)

Response

Vertical Direction Horizontal Direction

Average UTS (MPa) S/N Average UTS (MPa) S/N

1 942.72 59.87 1078.09 60.65
2 1028.75 60.24 1046.31 60.39
3 1037.4 60.32 1071.47 60.6
4 1033.01 60.28 1091.33 60.76
5 989.77 59.91 1073.11 60.61
6 1003.2 60.03 1048.41 60.41
7 1055.68 60.47 1056.63 60.45
8 1012.24 60.1 1056.8 60.48
9 977.78 59.8 1050.18 60.42
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Figure 6. Photographs of the as-built specimens and the specimen after the tensile test: (a,b) are
printed in the vertical building direction, and (c,d) are in the horizontal building direction.

To optimize the printing parameters, the response graphs for average UTS and S/N
ratio are plotted in Figure 7. Laser power, scanning speed, hatch space, and layer thickness
are, respectively, denoted as A, B, C, and D. Figure 7a shows that the order in which the
response factors affect the UTS results for printed IN718 is: layer thickness, hatch space,
scanning speed, and laser power. This result contrasts with the results of another study [23]
because each study uses a different printing mechanism. The previous study used a six-axis
robot with a fiber laser and a powder feeder system to deposit the powder on the laser
focus zone. The printing mechanism for this study paves the powder on the platform and
deposits the laser energy selectively along the scanning path to induce a phase change in
the powder from the solid state to the liquid state.
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Figure 7. Factor response plot for (a) the average UTS and (b) the S/N ratio.

The S/N ratio plot in Figure 7b shows that an increase in the hatch spacing (C) and
layer thickness (D) increases the UTS for the as-built object. The powder has an average
particle size of 10–50 µm, so the layer must be thicker than 40 µm. The hatch space for
Sample 4 is increased to 0.105 mm from 0.09 mm, and this is denoted as Sample 10. For
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6 test pieces that were printed using a horizontal building direction, the highest UTS value
is 1122.88 MPa. The optimal values for the printing parameters are listed in Table 6, and
the volumetric laser density formula is 75.4 J/mm3. The greatest value for UTS is less than
1500 MPa [26], so heat treatment is required. The as-built specimens for this experiment
use the printing parameters for Sample 10.

Table 6. The optimal values for printing parameters for IN 718, as defined using the Taguchi method.

Sample Code (i)
Printing Parameter Experimental

Result
UTS (MPa)

S/N
VEDH

(J/mm3)
P V H Lt

10 190 600 0.105 40 1122.88 60.58 75.4

3.2. Heat Treatment

The minimum respective values for UTS and hardness for cold deep drawing tools
are 1500 MPa and 50 HRC [28,29]. The maximum UTS value for Sample 10 is 1122.88 MPa,
which is less than 1500 MPa, so DA treatment was used to increase the UTS for the as-built
object using the design in Table 4. The UTS after DA treatment is listed in Table 4 and
shown in the Figure 8. The experimental results show that the UTS for the T1, T2, T3,
and T4 groups is significantly greater than 1500 MPa, and T4 features the highest UTS.
Therefore, the optimal DA treatment involves heating the printed specimens to 720 ◦C
at 10 ◦C per minute and maintaining this temperature for 8 h and then cooling in the
furnace at a cooling rate of 55 ◦C per hour to a temperature of 620 ◦C and maintaining this
temperature for 8 h.
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Figure 8. The maximum UTS for the tensile test for the specimen that is subject to DA treatment.

Based on Figure 8, T5 shows the lowest UTS of IN 718 value while the duration of
the first and second artificial ageing holding time is neither the shortest nor the longest
duration. This process is due to the unstable γ phase in multiple ageing. Some elements
that cannot be released during the γ formation process, such as niobium, titanium, and
molybdenum, result in other phases not being formed stably or even not being formed.
This has an impact on reducing the strength of IN 718 [31].

3.3. Surface Finishing and Hardness Measurement

Figure 9 shows the results for surface roughness. The surface roughness of the as-built
specimen is greatest on the upper side, which has a value of 11.72 µm for the Ra, but the
upper side becomes slightly smoother after DA treatment. The surface roughness of the
curved side is greatest because it must have a staircase effect, but experimental results show
that it is less than the value for the upper side, possibly because the layer is thinner, so the
staircase effect is eliminated [37]. After DA treatment and surface finishing, the surface
roughness is reduced to 2 µm for the Ra.
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Figure 9. Surface roughness measurement for the as-built specimens, specimens that are subject to
DA, and post-processed specimens (subject to DA and surface finishing).

Figure 10 shows the Rockwell hardness results. Figure 10a shows that the distance
between each indentation point on the test object is 4 mm in order to avoid measurement
errors when the material changes phase. Figure 10b shows that the respective hardness of
the as-built specimens, specimens that are subject to DA, and post-processed specimens,
which include HRC 32, HRC 46, and HRC 55.
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and (b) results for the as-built specimens, specimens that are subject to DA treatment, and post-
processed specimens.

Amato et al. annealed an as-built specimen at 982 ◦C for 0.5 h under vacuum and then
used a hot isostatic pressing process (HIP) at 1163 ◦C and 0.1 GPa pressure for 4 h in argon.
The maximum hardness of the as-built and annealed with HIP specimens is 33 HRC and
38 HRC, respectively [38]. Compared to it, the hardness of the treated specimen for this
study is greater than 38 HRC and increases to 55 HRC after surface finishing. This reveals
that the optimal parameter of this study can approach to practical application.

3.4. Deep Drawing Verification

Figures 11a and 11b, respectively, show the as-built die and punch on the platform.
Both were subject to DA treatment and were surface polished using wire-electrical discharge
machining (WEDM) after they were removed from the platform. The dimensions of both
comply with the specifications, and they were assembled on the punch holder and die set,
as shown in Figure 11c,d. Figure 12 (left) shows a sheet on the die that is clamped using the
blank holder. After deep drawing, a round cup was formed, as shown in Figure 12 (right).
The shape of the round cup is simple, but it verifies that the optimized printing and DA
treatment parameter values produce a punch and die that are suited for use in a cold deep
drawing application.
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This study optimizes the printing parameter values for IN 718 and the post-processing
parameter values for the as-built parts to create mechanical properties that render this
material suited to the production of a cold deep drawing die, but service life for the round
cup deep drawing process is not considered, so future studies will optimize the topological
structure of as-built die to eliminate material waste and increase the service life of the
post-processed die.

4. Conclusions

This study optimizes the values for the printing and heat treatment parameters for
IN 718 to produce the tools that are suited for use in a cold deep drawing application.
The Taguchi method is used to determine the effect of the printing parameters on the
mechanical properties of the as-built object. The following conclusions are drawn:

1. The results of the Taguchi method show that the order in which the relevant factors
affect LPBF printing is: layer thickness, hatch space, scanning speed, and laser power.
However, changing the value for hatch space has the most significant effect because
the diameter of the powder particles defines the least thickness for each layer.
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2. The optimized printing parameter values include a laser power of 190 W, a scanning
speed of 600 mm/s, a hatch space of 0.105 mm, and a layer thickness of 40 µm to
produce a maximum UTS of 1122.88 MPa. The hardness of the as-built specimen is
32.33 HRC.

3. The optimal parameters for heat treatment are a temperature of 720 ◦C with a holding
time of 8 h for the first ageing sequence, a decrease in temperature to 620 ◦C with a
holding time of 8 h for the second sequence, and cooling in the furnace at a cooling
rate of 55 ◦C per hour. After heat treatment, the UTS increases to 1511.9 MPa, and the
hardness increases to 46.06 HRC. After surface finishing, the hardness increases to
55.37 HRC.

4. The optimized values for the printing and heat treatment parameters give a tensile
strength of more than 1500 MPa and a hardness of more than 50 HRC, which meet the
requirements for a tool for a cold deep drawing application.

5. The results of the deep drawing experiment verify that the optimized values for the
printing and post-processing parameters produce a die and punch that form an Al
6061 round cup.

6. Although the process of optimizing printing parameters and double aging produces
materials that are suitable for standard die parts for cold deep drawing, judging from
the results of the Taguchi calculations, the results are in the unsatisfactory category
and can be further improved with advanced Taguchi analysis.

7. In terms of material, there is still much that can be explored for the application of
IN 718, which is printed using LPBF as a cold deep drawing dies part, such as post-
printing material characterization, mechanical behavior, fatigue and failure behavior,
and many others. Optimizing printing parameters using other parameters is still
very possible to do in the future. This is because the printing parameters are not only
related to the four parameters that we mention in this study.
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Abstract: With the development of high-speed and heavy-haul railway transportation, the surface
failure of rail turnouts has become increasingly severe due to insufficient high hardness-toughness
combination. In this work, in situ bainite steel matrix composites with WC primary reinforcement
were fabricated via direct laser deposition (DLD). With the increased primary reinforcement content,
the adaptive adjustments of the matrix microstructure and in situ reinforcement were obtained at the
same time. Furthermore, the dependence of the adaptive adjustment of the composite microstructure
on the composites’ balance of hardness and impact toughness was evaluated. During DLD, the laser
induces an interaction among the primary composite powders, which leads to obvious changes in the
phase composition and morphology of the composites. With the increased WC primary reinforcement
content, the dominant sheaves of the lath-like bainite and the few island-like retained austenite are
changed into needle-like lower bainite and plenty of block-like retained austenite in the matrix, and
the final reinforcement of Fe3W3C and WC is obtained. In addition, with the increased primary
reinforcement content, the microhardness of the bainite steel matrix composites increases remarkably,
but the impact toughness decreases. However, compared with conventional metal matrix composites,
the in situ bainite steel matrix composites manufactured via DLD possess a much better hardness-
toughness balance, which can be attributed to the adaptive adjustment of the matrix microstructure.
This work provides a new insight into obtaining new materials with a good combination of hardness
and toughness.

Keywords: in situ bainite steel matrix composite; direct laser deposition; adaptive adjustment of
matrix microstructure; good hardness-toughness balance

1. Introduction

With the development of high-speed and heavy-haul railway transportation, rolling-
contact fatigue crack and peeling on the surface of rail turnouts have become increasingly
severe [1–3]. The surface failure of rail turnouts severely reduces their service life, which
leads to increased operation costs and potential safety hazards [4]. It is well known that the
failure of rail turnouts is closely related to the insufficient hardness and toughness of the
components [5]. Hence, it is of great importance to develop a rail turnout material with
high hardness and high toughness.

Compared with the conventional surface treatment methods (such as thermal spray-
ing, plasma spraying), laser surface-treatment technologies demonstrate obvious advan-
tages, such as a small heat effect zone, good interface bonding, high reliability and high
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precision [6,7]. Specifically, during direct laser deposition (DLD), a high-energy laser beam
is used to melt the composite powder, and then the melts are deposited on the substrate
surface to form the bulk deposition. During the DLD process, the composition and mi-
crostructure of the deposition can be regulated [8], which makes the DLD technology
suitable for strengthening the surface of the materials. For example, martensite Fe-based
alloys with good wear resistance can be deposited on the surface of rail components via
DLD [9–15]. However, martensite Fe-based alloys often demonstrate insufficient tough-
ness [9], and cannot meet the demand of the rail component suffering impact load. Fe-based
alloys with a bainite microstructure have a good balance of wear resistance and toughness;
therefore, isothermal heat treatment is used for Fe-based alloys in order to change their
martensite microstructure into bainite, but the heat treatment needs a long time, which can-
not meet the low production cycle of the rail component. Furthermore, the wear resistance
of bainite steel is not high enough to suit rail turnouts [13,15].

It has been reported that metal matrix composites (MMCs) exhibit excellent mechanical
properties, such as a high modulus, high strength and good wear resistance, compared with
their primary alloy matrix [16–18]. Thus, MMCs with a high volume fraction reinforcement
are required in order to enhance the wear resistance of rail turnouts [19,20]. However, the
toughness of MMCs with high volume fraction reinforcement is low [21–23]. Consequently,
it is difficult to obtain a balance between high toughness and good wear resistance in
conventional MMCs [24–27].

In conventional MMCs manufactured via powder metallurgy, their casting, matrix
microstructure and composition are almost not changed compared with their primary alloy
matrix. Therefore, the enhancement of the composites’ performance is mainly attributed to
the strengthening of the reinforcement, but has nothing to do with the matrix. However,
during laser deposition, the complex interaction between the deposited composite powder
irradiated by the high-energy-density laser induces the in situ action and the solution in
the deposited powder, thus making the matrix constituent and microstructure change with
the increased primary reinforcement volume fraction.

Al Mangour [28–31] suggested that that the particle reinforcement with relatively small
size would melt during manufacturing TiC reinforced 316L stainless steel matrix composites
by selective laser melting(SLM). Furthermore, the content of the ferrite phase (α-Fe) in the
matrix increases with the increased TiC reinforcement content. The melting of the particle
reinforcement, irradiated by a high-energy laser beam, has also been widely reported in
the literature [32–34]. This phenomenon leads to a large deviation in the microstructure
and properties of the composites without the interaction between the primary matrix
and reinforcement.

Accordingly, the interaction between the primary matrix and reinforcement can also
be utilized to regulate the microstructure of the composite matrix. In our previous work, a
bainite steel matrix composite was fabricated, and the decomposition or dissolution of the
reinforcing particles in the matrices were also found due to the extremely high temperature
during the DLD process, which changes the chemical constituent and microstructure of the
matrix [35–37]. Furthermore, owing to the change in the matrix constituent, the content of
retained austenite in the matrix was found to vary in a large range spontaneously. Therefore,
the adaptive change in the matrix comes from the content of primary particle reinforcement,
which provides a much more convenient way to regulate the toughness of the composites.

Due to the combination of a high hardness and low thermal expansion coefficient, WC
particle reinforcement is often used in Fe-based composites [38]. In addition, the dissolution
of the W and C elements derived from WC particles exert a significant influence on the
transformation of undercooled austenite, which can be used to regulate the microstructure
of the Fe-based alloy matrix [39]. In this work, WC particles were used as the primary
reinforcement, and the effect of the volume fraction of primary reinforcement on the matrix
microstructure and mechanical properties of the in situ bainite steel matrix composite
was investigated. Finally, the dependence of the adaptive adjustment of the matrix on
the composites’ balance of hardness and impact toughness was evaluated. This work
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provides new insights into obtaining new materials with a good combination of hardness
and toughness.

2. Materials and Methods

The bainite steel matrix composite was fabricated via DLD on a U75V steel substrate
(a kind of railway material). The surface of the substrate was ground and then sand blasted
in order to remove the surface oxide layer. The gas-atomized Fe-based alloyed powder with
a particle size of 50~70 µm in diameter was applied to construct the matrix of the composite.
The chemical compositions (in wt%) of the substrate and Fe-based alloyed powder are
shown in Table 1. In order to avoid the sputtering of the tungsten carbide ceramic particle
from the composite powder by the laser during laser deposition, tungsten carbide coated
with a Co layer was used as a primary reinforcement. The composite powder containing
the Fe-based powder and WC powder were thoroughly mixed using a planetary ball mill
in an argon atmosphere at a speed of 200 rpm for 2 h. Finally, the composite powders were
dried in a vacuum furnace at 80 ◦C for 2 h.

Table 1. Chemical composition (in wt%) of the Fe-based powder and U75V steel substrate.

C Si Mn Cr Ni Mo Al V Fe

Substrate 0.78 0.66 0.96 / / / / 0.05 Bal.
Powder 0.45 0.90 1.20 0.90 1.90 0.30 1.20 / Bal.

The bainite steel matrix composites were manufactured using a laser processing
system (as shown in Figure 1) comprising a semiconductor laser device with a maximum
output power of 2.5 kW (LDM-2500-60, Laserline, Mülheim-Kärlich, Germany), a three-axis
numerical control machine controlling the laser scanning path, a powder coaxial nozzle
feeding system with a shielding gas device and a stable temperature platform. The process
involved the following 3 steps. Firstly, the substrates were heated to 300 ± 5 ◦C in the
resistance furnace using argon protection and then placed on a platform with the pre-set
heated temperature of 300 ◦C to avoid martensite transformation during laser deposition.
Afterwards, the composite powder was deposited on the surface of the substrates using
DLD technology. The processing parameters were as follows: laser power of 800 W, laser
spot diameter of 1.5 ± 0.1 mm, overlap ratio of 40% and scanning velocity of 360 mm/min.
As shown in Figure 1b, the samples had a good surface quality and no macroscopic
cracks were observed. Finally, the composite samples were put into a 300 ± 3 ◦C salt
bath for isothermal treatment for 200 min, and the final composites, air cooled to room
temperature (RT), were obtained. Specimens were sectioned using electric discharge
wire cutting to obtain the composite samples and characterize their microstructure and
mechanical properties.

An optical microscope (OM, Carl Zeiss Jena Axio Vert.A1) and a field-emission scan-
ning electron microscope (FESEM, Nova Nano SEM450) were used to characterize the
microstructural features. A backscattered electron (BSE) mode of FESEM was used to dis-
tinguish the reinforcements and steel matrix. The composition of the samples was analyzed
using an energy-dispersive X-ray spectrometer (EDS) equipped on the FESEM. X-ray diffrac-
tion (XRD, D8 Advance) analyses with a Cu target were conducted for phase identification.

The microhardness of the samples was measured using a Vickers microhardness
tester (Duramin-40, Struers, Denmark), with a 200 g load and a 10 s dwell time. Charpy
U-notched impact tests were conducted with 55 mm × 10 mm × 10 mm samples on a
pendulum impact machine (PTMS4300, Suns, China) at the RT. The notch was prepared
perpendicular to the laser deposition direction. The reported impact toughness of each
sample was averaged from three independent tests. The fracture surfaces of the impact
samples were observed via FESEM.
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3. Results
3.1. XRD Analysis

Figure 2 illustrates the phase constituents and their relative contents in the bainite
steel matrix composite. As shown in Figure 2a, the matrix of the composite is changed from
a mainly ferrite phase (α-Fe) with a little austenite phase (γ-Fe) to α-Fe with a considerable
amount of γ-Fe when WC primary reinforcements are added. Furthermore, a Fe3W3C phase
appears instead of a WC phase when the addition of primary reinforcement is relatively low.
The WC phase presents together with the Fe3W3C phase when the primary reinforcement
exceeds 15 vol%. The volume fraction of different phases was further quantified, as shown
in Figure 2b. In the case of peak overlapping (the magnified images in Figure 2a), a Pearson
VII function was used for the peak separation and fitting [15,40–42]. As the volume fraction
of the WC primary reinforcement is increased, the volume fraction of the α-Fe phase
declines; however, that of the γ-Fe phase increases. The volume fraction of the γ-Fe phase is
not higher than that of the α-Fe phase until the WC primary reinforcement content reaches
20 vol%. As for the carbides, the volume fraction of Fe3W3C increases approximately
linearly with the increased primary reinforcement content, and its maximum value is
about 14 vol%. However, with the increased WC primary reinforcement content, the final
WC content of the composites is maintained at zero when the content is less than 10%;
meanwhile, when the content of primary reinforcement is higher than 10 vol%, the volume
fraction of the final WC rises. When the content of primary reinforcement is 20%, the final
WC reinforcement content in the composites is 4.1 vol%.

3.2. Microstructure

Figure 3 presents the optical micrographs of the bainite steel matrix composites with
different volume fractions of WC. For the bainite steel without WC, the morphology of
prior austenite grains can hardly be recognized. However, the prior austenite grains in
the bainite steel matrix composites show a typical dendritic shape. Meanwhile, both
the primary dendrite arm spacing (PDAS) and secondary dendrite arm spacing (SDAP)
decrease with the increased volume fraction of WC. When the WC primary reinforcement
content is higher than 15 vol%, plenty of white undissolved particles can be observed. The
average diameter of the particles is about 47 µm, which is a little smaller than the average
particle size of WC powder (about 65 µm). With the increased WC volume fraction, the
bainite morphology changes from a lath shape to a needle shape and the content of block-
like retained austenite (RA) increases, which is consistent with the XRD results (Figure 2b).
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Furthermore, the black network-like microstructure begins to emerge in the interdendritic
region when the WC primary reinforcement volume fraction is higher than 10%.
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Figure 2. (a) XRD patterns and (b) the corresponding analyzed phase content in the bainite steel
matrix composites.

The fine microstructure of the bainite steel matrix composites was further investigated
using the BSE mode of SEM, as shown in Figure 4. As for the bainite steel with no WC
addition (Figure 4a), the bainite steel mainly consists of sheaves of lath-like bainite, a few
granular bainite (GB) and island-like RA. With the increased WC reinforcement volume
fraction, the lath-like bainite and GB transform into black needle-like lower bainite (LB),
and the length and width of the LB needles decrease gradually (Figure 4b–e). Meanwhile,
the morphology of RA also changes from an island-like to block-like shape. For the bainite
steel matrix composite with a relatively high volume fraction of WC (no less than 10 vol%),
the white fish-bone-shaped microstructure appears at the boundary of the prior austenite
grains (Figure 4d,e). With the increased addition of WC, the area of the intergranular region
occupied by the white fish-bone-shaped microstructure increases; at the same time, the
prior austenite grain is refined.
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According to the phase constituent and the microstructure of the bainite steel matrix
composite with 15 vol% WC particles, EDS analysis was conducted to further identify
the phase composition of the intergranular region and undissolved particles. As shown
in Figure 5a, the elemental maps of the intergranular region indicate that W enriches
the white fish-bone-shaped microstructure. Combining the volume fraction of the white
fish-bone-shaped microstructure obtained from the SEM images with the phase analysis
results from the XRD patterns, the white fish-bone-shaped phase is Fe3W3C. The elemental
distributions of the partial dissolved particles and the undissolved particles are presented
in Figure 5b. Much W and little Fe can be detected in the partially dissolved WC particles
region. Meanwhile, in the undissolved WC particles region, the enrichment degree of W in
the interior of the particles is much higher than that of the partially dissolved particles, and
no Fe is detected.
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3.3. Mechanical Properties

As shown in Figure 6, the microhardness of the bainite steel is about 330 HV0.2, which
is lower than that of the U75V steel substrate (375 HV0.2). The microhardness of the DLD
manufactured bainite steel matrix composites is much higher than that of the U75V steel
substrate. With the increased primary reinforcement content, the microhardness of bainite
steel matrix composites increases remarkably. The microhardness increases rapidly to
461 HV0.2 when the WC primary reinforcement volume fraction is only 5 vol%, which
is approximately 40% higher than that of the bainite steel. Moreover, the microhardness
of composites with 20 vol% primary reinforcement is increased to 561 HV0.2. In contrast,
the impact toughness of the bainite steel matrix composite decreases with the increased
volume fraction of WC primary reinforcement (Figure 6). However, the impact toughness
of the composite when the primary reinforcement volume fraction is less than 10% is still
higher than that of the U75V steel substrate (26 J), which can satisfy the demand of the rail
turnout service.
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Figure 7 indicates the impact fracture surface morphology of the U75V steel substrate
and bainite steel matrix composites with different volume fractions of WC primary rein-
forcement. The U75V steel substrate shows a typical feature of cleavage fracture, which
consists of cleavage steps and river patterns (Figure 7a). In contrast, dimples and tearing
ridges are observed in the fracture of the bainite steel (Figure 7b), which indicates that the
facture mechanism occurring is microvoids coalescence ductile fracture. Figure 7c presents
the fracture of the bainite steel matrix composite with 5 vol% primary reinforcement. Both
the features of ductile fracture (dimples and tearing ridges) and cleavage fracture (cleavage
steps and river patterns) are evident on the fracture surface. This suggests that the frac-
ture mechanism occurring is quasi-cleavage fracture in the composites. The crystal sugar
fracture (Figure 7d) indicates that the bainite steel matrix composite with 15 vol% primary
reinforcement follows the brittle intergranular fracture mechanism.

4. Discussion
4.1. Formation Mechanism of the Reinforcement during Laser Deposition

Information about the phases in the bainite steel matrix composite that was revealed
by XRD (Figure 2) indicates that the in situ Fe3W3C reinforcement is the main reinforcement
in the composite when the volume fraction of primary reinforcement WC is not higher than
10%. When the primary reinforcement volume fraction increases from 10% to 20%, the final
reinforcement in the composites includes Fe3W3C in situ reinforcement and WC primary
reinforcement. Moreover, the content of Fe3W3C is much higher than that of WC. Therefore,
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it can be deduced that the decomposed WC during laser deposition has dissolved in the
bainite steel matrix and participated in the formation of Fe3W3C in the matrix. This is
proved by the morphology of the Fe3W3C phase adjacent to the WC particles (Figure 8).
The Fe3W3C phase in the vicinity of the partially dissolved WC particle presents the feature
of a continuously fish-bone-shaped microstructure. The content of the Fe3W3C phase
decreases with the increased distance from the partially dissolved WC particles. In contrast,
compared with the Fe3W3C phase near the partially dissolved WC particle, the Fe3W3C
phase near the undissolved WC particle has a much lower content and the carbides are
distributed more uniformly.
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For the preparation of WC reinforced Fe-based matrix composites, the temperature of
the material during direct laser deposition is always higher than that during traditional
powder metallurgy and casting process [43–45]. Under the irradiation of a laser beam
with an extremely high-energy density, the maximum temperature of the metal molten
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pool can exceed 3000 ◦C, which is higher than the decomposition temperature of WC
(1250 ◦C) [46]. Then, the WC primary reinforcement will react with the steel matrix. The
reaction is as follows [47,48]:

2WC→W2C + C (1)

W2C→2W + C (2)

WC + W + L(rich in Fe)→ Fe3W3C (M6C) (3)

Additionally, the high temperature gradient of the molten pool during the DLD
process brings the obvious convection of liquid metal, which is beneficial to a successful
reaction [49]. When the addition of WC is low (less than 10 vol% in this work), all WC
particles participate in the formation of Fe3W3C in the bainite steel matrix. In contrast,
when WC is excessive, such as the 15 vol% WC in this work, both the Fe3W3C in situ
reinforcement and WC primary reinforcement exist in the matrix at the same time. Free W
atoms, which join to form Fe3W3C, come from the dissolved WC particle. Therefore, the
concentration of W atoms around the partially dissolved WC particles is higher than that
of the matrix far from the WC particles. Accordingly, the in situ Fe3W3C content near the
partially dissolved WC particles is high.

4.2. Mechanism of the Adaptive Adjustment of the Matrix Microstructure with Primary Reinforcement

With the increased volume fraction of WC primary reinforcement, not only the con-
stituent and morphology of the final reinforcement in the composites are changed, but also
the microstructure of the bainite steel matrix is significantly altered (Figures 3 and 4), which
is attributed to the change in the solute W and C content in the bainite steel matrix. Figure 9
presents the constituent of C and W derived from the WC primary reinforcement. It can
be concluded that the formation of the Fe3W3C phase and WC phase does not consume
all the C and W derived from the WC primary reinforcement and the remaining C and
W dissolve in the bainite steel matrix, which significantly retards the transformation of
undercooled austenite [50,51].
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JMatPro software version 7.0 was applied to investigate the austenite isothermal
transformation kinetics of the matrix of the composite using the general steel database
(Figure 10). For the bainite steel (Figure 10a), the nose temperature of the pearlite trans-
formation is 607 ◦C, with an incubation period of about 3 min; the nose temperature of
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the bainite transformation is 397 ◦C, with an incubation period of about 0.5 min. Mean-
while, the martensite transformation starts at 247 ◦C. Owing to the rapid cooling rate
of the DLD process (103~104 ◦C/s), the pearlite transformation is completely prevented
during the DLD process. In order to obtain the lower bainite microstructure, the trans-
formation of martensite must be avoided the during cooling process and the following
isothermal temperature has to be lower than the nose temperature of the bainite transfor-
mation. Hence, the preheating and isothermal temperature is set as 300 ◦C. According to
the bainite transformation time at 300 ◦C, the isothermal treatment time was set to 200 min
in this work.
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The nose temperature of the bainite transformation and the martensite transformation
temperature of the bainite steel matrix in the composite were also calculated using JMatPro
software, as well as the bainite transformation time (Figure 10b). With the increased volume
fraction of primary reinforcement in the composite, both the nose temperature of bainite
transformation and the martensite transformation temperature decrease. Furthermore,
both the incubation period and completion time of the bainite transformation increase
significantly when the primary reinforcement content in the composite is increased. The
lowest bainite transformation nose temperature of the composite matrix is about 300 ◦C,
which ensures that the bainite structure obtained via isothermal treatment in the matrix
is needle-like lower bainite. When WC primary reinforcement is added into the bainite
steel matrix, the start temperature of martensite transformation (Ms) in the matrix is still
higher than room temperature, while the finish temperature of martensite transformation
(Mf) in the matrix is much lower than room temperature. Meanwhile, the time required
for the matrix to complete bainite transformation is much longer than the isothermal
treatment time (200 min) for the composites. As a result, a small part of the untransformed
undercooled austenite transforms into high-carbon cryptocrystalline martensite, while
most of the untransformed undercooled austenite maintains its original crystal structure,
which leads to the formation of a large amount of RA structure in the matrix. Moreover, the
content of RA increases with the increased solute W and C content in the bainite steel matrix,
which has a proportional relationship with the volume fraction of primary reinforcement
in the composites (Figure 2b).

4.3. Effect of the Adaptive Adjustment of the Matrix Microstructure on the Mechanical Properties
of Composites

Since reinforcement particles in MMCs are usually hard and brittle, the increased vol-
ume fraction of the reinforcement particles results in an enhancement in the
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strength and hardness of MMCs and a reduction in the ductility and toughness of MMCs
(i.e., hardness-toughness trade-off). Figure 11 presents the hardness-toughness trade-off
caused by the reinforcement particles’ volume fraction in MMCs [52–59]. In order to facili-
tate a comparison between the mechanical properties of different MMCs, the microhardness
and impact toughness are converted into the increase in microhardness and the decrease in
impact toughness, respectively. Because the data point is close to the top right corner, the
degree of hardness-toughness trade-off in the materials is low, and the hardness-toughness
balance is good. The degree of hardness-toughness trade-off in the composite in this work
is lower than that of most conventional MMCs, which can be attributed to the change in the
matrix microstructure induced by the increased volume fraction of primary reinforcement.
In conventional MMCs, the phase constituent and morphology of the matrix are almost not
changed with the increased volume fraction of reinforcement, but the matrix microstructure
of the composite in this work is altered with the increased primary reinforcement content.
The residual austenite content in the steel matrix increases with the increased volume
fraction of WC primary reinforcement, which is beneficial to improve the toughness of the
steel matrix in composites [60]. The high volume fraction of reinforcement improves the
hardness of the composite, while the adaptive adjustment of the matrix microstructure off-
sets a part of the reduction in impact toughness caused by the increase in the reinforcement
volume fraction. As a result, the bainite steel matrix composite in this work demonstrates a
better balance of hardness and impact toughness compared with most conventional MMCs.
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HVBSC−20 is the Vickers microhardness of the bainite steel matrix composite with 20 vol% primary
reinforcement, and HVBS is the bainite steel) [52–59].

5. Conclusions

The in situ bainite steel matrix composites with WC primary reinforcement were
manufactured using direct laser deposition. The effect of the primary reinforcement volume
fraction on the composite microstructure and its mechanical properties were investigated.
With the increased primary reinforcement content, the adaptive adjustment of the matrix
microstructure was obtained. Furthermore, the dependence of the adaptive adjustment of
the matrix on the combination of hardness and impact toughness in the composites was
evaluated. The main conclusions are as follows:

124



Materials 2023, 16, 4437

(1) The interaction of the primary composite powder irradiated by laser during DLD
leads to significant changes in the phase constituent and morphology of the reinforcement
and matrix of the composites at the same time. With the increased volume fraction of
primary reinforcement, the main phase in the matrix changes from dominant α-Fe to a
mixture of γ-Fe and α-Fe. Specifically, with the increased primary reinforcement content,
the matrix microstructure is changed from lath-like bainite, granular bainite and few island-
like retained austenite into needle-like lower bainite and plenty of block-like retained
austenite, and the final reinforcement is changed from Fe3W3C into Fe3W3C and WC.

(2) The microhardness increases rapidly to 461 HV0.2 when the WC primary reinforce-
ment volume fraction is 5 vol%, which is approximately 40% higher than that of the bainite
steel. Moreover, the microhardness of composites with 20 vol% primary reinforcement
is increased to 561 HV0.2. In contrast, the impact toughness of the bainite steel matrix
composite decreases with the increased primary reinforcement volume fraction. However,
the impact toughness of the composite when the primary reinforcement volume fraction
is less than 10% is still higher than that of the U75V steel substrate, which can satisfy the
demand of rail turnout service.

(3) Compared with the conventional metal matrix composites, the bainite steel matrix
composites manufactured via DLD possess a much lower degree of hardness-toughness
trade-off. The better combination of microhardness and impact toughness can be attributed
to the adaptive adjustment of the matrix microstructure with the increased volume fraction
of primary reinforcement, which provides new insights into obtaining new materials with
a good combination of hardness and toughness.
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Abstract: To minimize the stress shielding effect of metallic biomaterials in mimicking bone, the body-
centered cubic (bcc) unit cell-based porous CoCrMo alloys with different, designed volume porosities
of 20, 40, 60, and 80% were produced via a selective laser melting (SLM) process. A heat treatment
process consisting of solution annealing and aging was applied to increase the volume fraction of
an ε-hexagonal close-packed (hcp) structure for better mechanical response and stability. In the
present study, we investigated the impact of different, designed volume porosities on the compressive
mechanical properties in as-built and heat-treated CoCrMo alloys. The elastic modulus and yield
strength in both conditions were dramatically decreased with increasing designed volume porosity.
The elastic modulus and yield strength of the CoCrMo alloys with a designed volume porosity of
80% exhibited the closest match to those of bone tissue. Different strengthening mechanisms were
quantified to determine their contributing roles to the measured yield strength in both conditions.
The experimental results of the relative elastic modulus and yield strength were compared to the
analytical and simulation modeling analyses. The Gibson–Ashby theoretical model was established
to predict the deformation behaviors of the lattice CoCrMo structures.
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1. Introduction

Metallic materials, such as tantalum (Ta)-based, titanium (Ti)-based, and cobalt (Co)-
based alloys, are widely used as bone implants. Among the most prevalent materials
used for promising biomedical applications [1], cobalt-chromium-molybdenum (CoCrMo)
alloys [2] have attracted great interest due to their superior biocompatibility, corrosion
resistance, wear resistance, and good mechanical properties [3–10]. Poor tribological
behavior caused by a high friction coefficient and wear debris is one of the crucial obstacles
for Ti-based alloys [11], which can be overcome by the use of CoCrMo alloys. Extensive
research on the mechanical and microstructural properties of widely used cast, wrought, or
hot-forged CoCrMo alloys has been reported [6,12–15]. To fulfill the criteria for metallic
materials as feasible implants, it is important to reduce the stress shielding effect and
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enhance osseointegration [16–21] by applying porous lattice structures, which are difficult
to achieve via traditional fabrication processes.

The wear resistance of CoCrMo alloys is governed by the amount of carbon, the
homogeneous distribution of carbides, and the existence of a hexagonal close-packed (hcp)
structure [22]. There may exist two different crystal structures—metastable γ-face-centered
cubic (fcc) and ε-hcp—in the CoCrMo alloys at room temperature, and their volume fraction
can be changed via heat treatment conditions [23–25]. Increasing the volume fraction of
the hcp phase is beneficial to the improved mechanical and wear properties of CoCrMo
alloys, as well as to their stability [24–28]. A number of studies on various process- and
heat-treatment conditions have been devoted to promoting a martensitic transformation
from fcc to hcp [23–26,29,30].

Additive manufacturing allows for complex structures produced with diverse geome-
tries and shapes associated with controllable microstructures [31–35]. Better metallurgical
design can be achieved through machine learning and high-throughput examinations [36].
Among the most common three-dimensional (3D) printing processes, selective laser melt-
ing (SLM) produces SLM-built metallic parts with distinct microstructures [37–39]. In
addition, SLM offers great possibilities in tailoring porous lattice structures with various
unit cell types, cell sizes, and strut dimensions, which enables the tuning of the mechanical
properties of SLM-built metallic implants to closely match those of human bone [39,40].
Comprehensive research has been conducted on the mechanical properties of additive-
manufactured porous CoCrMo alloys via different, designed volume porosities [41–43] or
heat treatment conditions to reduce the stiffness mismatch between bone and biomedical
CoCrMo implants [24,25,44]. Furthermore, the analytical and simulation modeling analyses
were generally used to predict the mechanical properties of porous structures [18,45,46].
However, investigating the ideal porosity and pore sizes for porous implants is still contro-
versial [47], and exploring the role of different, designed volume porosities on heat-treated
CoCrMo alloys fabricated via SLM is limited.

In the present study, the designed lattice structure of body-centered cubic (bcc) unit
cell-based porous CoCrMo alloys was manufactured via SLM. The objective of this work
was to discover the optimal design parameters for a closer match between bone tissue and
CoCrMo alloys. The influence of different, designed volume porosities on the compressive
mechanical properties of as-built and heat-treated CoCrMo alloys was examined. Moreover,
the theoretical model proposed by Gibson–Ashby was employed to predict the mechanical
behavior of porous SLM-built CoCrMo structures, which is conducive to establishing the
optimal design of bcc lattice structures with suitable mechanical properties for biomedical
applications.

2. Materials and Methods
2.1. Sample Preparation

The cylindrical shapes of as-built porous CoCrMo alloys with a diameter of 11 mm
and a height of 7 mm were fabricated using the SLM AM100 machine with a working space
of 10 cm × 10 cm manufactured by the Industrial Technology Research Institute (ITRI).
The diameters of the struts were 0.2, 0.3, 0.4, and 0.5 mm, corresponding to the designed
volume porosity of 80, 60, 40, and 20%, respectively. Figure 1a–e shows computer aided
design (CAD) models for the designed porous CoCrMo structures with different volume
porosities of bcc unit cells with a length of 1 mm. The building direction was parallel to the
longitudinal axis of the as-built CoCrMo samples. The chemical composition of fully dense
as-built CoCrMo alloy was Co (58 wt%), Cr (28 wt%), Mo (6 wt%), and Si (<1 wt%).
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Figure 1. (a–e) CAD-designed models, (f–j) as-built, and (k–o) heat-treated CoCrMo alloys with
different, designed volume porosities.

2.2. Heat Treatment Process

The heat-treated CoCrMo structures were prepared using a combination of solution
heat treatment at 1100 ◦C for 1 h and subsequent aging treatment at 800 ◦C for 4 h of the
as-built CoCrMo alloys.

2.3. Mechanical Test

The uniaxial compression tests of as-built and heat-treated CoCrMo alloys were car-
ried out using an HT-2402 universal testing machine produced by the Hung Ta Company,
Taichung, Taiwan, with a 50 kN load cell and a strain rate of 2.1 × 10−3 s−1 at room temper-
ature. The samples used for mechanical tests with dimensions of 5 mm × 5 mm × 4 mm
were cut from the CoCrMo alloys. The compression direction was parallel to the building
direction.

2.4. Microstructure Characterization

The CoCrMo alloys were mechanically polished using silicon carbide sandpapers
of 4000-grit and finally using 0.02 µm colloidal silica suspension. The samples were
subsequently etched for microstructure characterization using optical microscope (OM,
Nikon ECLIPSE LV150N, Minato ku, Japan) and scanning electron microscopy (SEM, JEOL
6700F, Akishima, Japan).

2.5. Density Measurement

The density of the foam is shown below,

ρ f =
Mporous

Vporous
(1)

where Mporous and Vporous are the weight and volume of the porous sample.
Meanwhile, the density of solid structure (ρS) was measured using the Archimedes

method as follows,

ρS =
ρw × wa

wa − ww
(2)

where ρw is the density of water, wa and ww are the weights of the sample in air and in
water, respectively.
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The relative density of material (ρ∗) was determined as

ρ∗ =
ρmeasured
ρtheoretical

(3)

where ρmeasured and ρtheoretical are the measured density, and the theoretical bulk density,
ρtheoretical , is 8.3 g/cm3.

2.6. Finite Element Simulation

A finite element method using the ANSYS Explicit Dynamics (2019R1) software
was simulated to predict the compressive mechanical behavior of the as-built and heat-
treated porous CoCrMo with various designed porosities in comparison with the analytical
prediction and experimental data. The 3D models with a length of 5 mm, a width of
5 mm, and a height of 4 mm exported from the 3D builder CAD software (18.0.1931.0), in
STL file formats of the 3D-printed models were used for simulation to satisfy the actual
compression test. The top and bottom plates were set as rigid bodies, while the 3D models
were set to be deformable. The friction coefficient was set to 0.2, and the self-contact of 3D
models was set. The Cartesian and tetrahedral mesh was used with a minimum element
size of 0.00011 m, and the total number of the elements and nodes was around 220,000
and 59,000, respectively. The bottom plate had no freedom of x, y, and z displacements,
and any rotation was restricted. The top plate was set with a z displacement while x and
y displacements were restrained. The elastic and plastic behaviors were simulated based
on an isotropic elasticity model and a bilinear isotropic hardening model, respectively.
The values of Young’s modulus, yield strength, and tangential modulus derived from the
experimental data of the fully dense as-built and heat-treated CoCrMo alloys were input
into the simulation analysis. A Poisson’s ratio of 0.3 was applied [7]. A maximum plastic
strain of 0.2 was set as the failure criterion of materials. If the plastic deformation of the
element exceeded 0.2, it was considered damaged and thus removed.

3. Results
3.1. Morphology of As-Built and Heat-Treated Porous CoCrMo Alloys

Figure 1f–o shows the cylinder shapes of the as-built and heat-treated CoCrMo alloys
with different, designed volume porosities of 0, 20, 40, 60, and 80%. A discernable variation
in surface morphology towards the rougher surfaces and the change in color in the sample
surfaces was found using heat treatment. The heat-treatment-induced varying color from
slight yellow to dark green was ascribed to the presence of a chromium surface oxide,
which was demonstrated by an obvious appearance of Cr2O3 [48–50], as shown in the XRD
patterns in Figure 2.
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A martensitic transformation from an fcc to an hcp phase usually occurs in the CoCrMo
alloys. Although the thermodynamically stable phase at room temperature is the hcp phase,

131



Materials 2023, 16, 751

the remaining fcc phase is mostly obtained in the CoCrMo alloys due to the sluggish
transformation from the metastable fcc to the stable hcp under normal conditions [23,24].
The fcc to hcp transformation occurs more easily via rapid cooling, plastic deformation,
and isothermal aging below the transformation temperature [23,24]. An examination of the
degree of martensitic transformation via a heat treatment process was determined using
XRD profiles in Figure 2. The as-built CoCrMo exhibited an obvious fcc phase with a lattice
constant of 3.568 Å, while the heat-treated CoCrMo revealed the coexistence of residual
fcc and hcp phases. The volume fractions of the hcp and fcc phases can be calculated as
follows [25,51,52].

fhcp =
I(1011)hcp

I(1011)hcp + 1.5I(200) f cc
(4)

f f cc = 1− fhcp (5)

where I(1011)hcp and I(200) f cc are the integrated intensities of the (1011)hcp and (200) f cc
diffraction peaks for the hcp and fcc phases, respectively.

The calculated volume fraction of the fcc and hcp phases in the fully dense heat-treated
CoCrMo alloy were 64 and 36%, respectively.

3.2. Relative Density of the Solid Structures in Both Conditions

Figure 3 shows the top-view surface in the as-built and heat-treated porous CoCrMo
structures with different, designed volume porosities. The melt pool formed in different
printing layers during SLM laser scanning was observed on the surface of fabricated
samples, which was different from the smooth-designed model. The melt pool boundary
became blurred, and the oxide layer, mainly composed of chromium oxide on the surface,
made the surface rougher after heat treatment. In addition, there were also unmelted
powder particles and spatter attached to the surface. When the melt pool was formed
using a laser source, the excess heat energy would melt the nearby powders so they would
adhere to the surface [39]. The distribution of pores was quite homogeneous in both
conditions. Although the pore size on the surface of fabricated samples with a designed
volume porosity of 20% was similar to that of the designed model, the pores were not
as completely hollow in the vertical direction as those designed with the 3D model. The
pores were obvious on the surface of fabricated samples with the designed volume porosity
above 40%, and their pore sizes were evidently smaller than those of the designed model.
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Figure 4a describes the pore size in the designed, as-built, and heat-treated CoCrMo
alloys. There was a negligible discrepancy in pore size between the as-built and heat-treated
CoCrMo alloys. The difference in pore size between the fabricated and designed alloys
increased with increasing designed volume porosity. As shown in the as-built CoCrMo
alloys in Figure 4b, the pore fraction significantly increased with the increasing designed
volume porosity.
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Figure 4. (a) Pore size in the designed, as-built, and heat-treated CoCrMo alloys with different,
designed volume porosities. (b) Pore fraction in the as-built CoCrMo alloys with different, designed
volume porosities.

Figure 5a describes the relative densities of the solids in the as-built and heat-treated
CoCrMo alloys determined using Archimedes’ method to examine the printing quality of
the SLM process. The relative densities of the fully dense as-built and heat-treated samples
were 99.5 and 99.6%, respectively. The relative densities of the heat-treated porous CoCrMo
alloys altered from 97 to 98.4%, which were slightly lower than the variation from 98.3 to
99.2% of the as-built porous samples. Such high relative densities suggested a negligible
existence of internal void defects on the bulk struts during the fabrication process. The
relative density of the solid was reduced slightly with an increasing designed volume
porosity within the range of 20–40%; however, the effect of the designed volume porosity
on the relative density of the solid was generally trivial. The lower relative densities of the
solid seen at the designed volume porosity of 20–40% implied that a small number of voids
was confined in the solid strut.
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The actual relative densities in the as-built porous CoCrMo were determined using
Equation (3) and compared with the designed relative densities in Figure 5b. The actual
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relative densities in the as-built CoCrMo alloys were all higher than the designed relative
densities, in accordance with previous work [53]. Moreover, the difference between the
actual and designed relative densities became larger with increasing designed volume
porosity. It was possibly related to a thinner strut and lower thermal conductivity, which
may enlarge the melt pool and increase the width of the strut compared to the designed
model. Table 1 lists the parameters of the as-built porous CoCrMo alloys.

Table 1. Parameters of the as-built porous CoCrMo alloys.

Designed Volume
Porosity

(%)

Designed Relative
Density

(%)

Actual Relative
Density

(%)

Relative Density of
Solid
(%)

20 80 93.3 98.3
40 60 79.5 98.2
60 40 66.2 99.1
80 20 52.1 99.2

3.3. Compressive Deformation in the As-Built and Heat-Treated Porous CoCrMo Structures

Figure 6 presents the macroscopic stress-strain curves of uniaxial compression tests
in both conditions. The three distinct deformation stages of linear elasticity, plateau, and
densification were seen at the designed volume porosity above 40% in both conditions,
which was similar to the typical deformation of porous structures proposed by Gibson–
Ashby [54]. Young’s modulus was extracted in the initial stage of elastic deformation. The
plastic deformation started to yield in the plateau region of the local collapse of pores, at
which the strain significantly increased with a negligible variation in the stress. The plateau
region was followed by a sharp increase in stress at the onset of the densification regime.
The densification stages started at large strains of 0.65 and 0.74 in the heat-treated sample
with a designed volume porosity of 60% and in the as-built CoCrMo with a designed
volume porosity of 80%. In the present study, the SLM-built CoCrMo alloys with an actual
porosity above 34% disclosed porous structures. Meanwhile, no obvious plateau and
densification regions were obtained at a designed porosity below 40%, which is analogous
to the deformation behavior of metallic solids. Such a drastic decline in stress after the
elastic regime derived from the failure of struts in the porous structures owning high
designed relative density.
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Figure 7 shows the experimental and simulated values of Young’s modulus and
the compressive yield strength in both conditions with respect to the designed volume
porosity. The yield strength drastically decreased from 1079 to 822 MPa, while there was
a slight increase in Young’s modulus from 191 to 198 GPa in the fully dense CoCrMo
after heat treatment. The experimental values of Young’s modulus and the yield strength
were generally higher than the simulated values in both conditions and may be due
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to a higher actual relative density rather than the designed relative density. Increasing
the designed volume porosity significantly decreased Young’s modulus and the yield
strength in both conditions. Furthermore, heat treatment resulted in a noticeable decrease
in yield strengths but a slight increase in Young’s moduli for all different, designed volume
porosities of CoCrMo alloys. Such a remarkable discrepancy in yield strength between
the as-built and heat-treated conditions became smaller with increasing designed volume
porosity. Among the investigated CoCrMo alloys, the as-built and heat-treated CoCrMo
porous structures with the designed volume porosity of 80% had Young’s moduli of 17
and 29 GPa, respectively, while they possessed compressive yield strengths of 271 and
187 MPa, respectively. Compared to Young’s modulus of 3–30 GPa and a yield strength of
193 MPa in the human cortical bone [18,55], the as-built and heat-treated CoCrMo porous
structures with a designed volume porosity of 80% were the most appropriate implants for
potential biomedical applications due to a very close match in their mechanical responses.
In addition, heat treatment was more conducive to tailoring the mechanical performance of
SLM-built porous structures, which was more similar to that of human cortical bone. The
mechanical properties of CoCrMo structures could be effectively tuned using an adjustable,
designed volume porosity fabricated via SLM.
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3.4. The Compressive Mechanical Properties Using the Gibson–Ashby Model and Finite Element
Simulation

An analytical model proposed by Gibson–Ashby enables the effective prediction of
the adjustable porosity for isotropic materials [54]. The compressive mechanical responses
of porous CoCrMo structures were fitted using the Gibson–Ashby model to evaluate the de-
gree of matching among the analytical, simulated, and experimental results in establishing a
more suitable design of porous structures for potentially promising implants in biomedical
applications. The compressive deformation of porous CoCrMo alloys was implemented
using finite element simulation. The analytical prediction of an elastic modulus and yield
strength was presented with the Gibson–Ashby model as follows [54].

E
ES

= C1

(
ρ

ρS

)n
(6)

σ

σS
= C5

(
ρ

ρS

)m
(7)

where E and ES are the elastic modulus of cellular and solid materials, respectively, σ
and σS are the yield strength of cellular and solid materials, respectively, ρ and ρS are the
density of cellular and solid materials, respectively, C1 and C5 are constants, and n and m
are exponential factors. The general values of n and m are 2 and 1.5, respectively. C1 and
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C5 are ideally 1; however, their variable values were experimentally determined from the
best-fitting curve.

The relative elastic moduli E/ES and relative yield strengths σ/σS obtained from the
analytical, simulated, and experimental results versus a logarithmic scale of relative density
were plotted in Figure 8. The fitted value of C1 from the simulated and experimental
results was in the range of 0.9–1.09. The variation in n is mainly related to the predominant
deformation mode of strut-based cellular structures, which can be determined based on
the lattice structure of repeating unit cells. Based on the Maxwell number of the bcc
unit cell [56,57], the compressive deformation mechanism of the porous CoCrMo alloys
was ascribed to the bending-dominated deformation proposed using the Gibson–Ashby
model in which the exponent n is 2. The fitting curves of relative elastic modulus in both
simulated and experimental results revealed linear relation with respect to the relative
density, following the power law relationship. In Figure 8a, the exponent n extracted
from the fitting curves of the simulated and experimental results was larger than that
from the analytical Gibson–Ashby model. The fitting curve of the simulation analysis
deviated from that of the Gibson–Ashby model, and it has an exponent of 2.58, which was
close to the exponential value obtained in the simulation analysis of other bcc strut-based
structures [45]. The fitting curve of as-built and heat-treated samples was closer to that of
the simulation with an exponent of 3.56 and 3.05, respectively, which was far outside the
expected range. The data of the simulation analysis and experiment were all well-fitted.
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Figure 8. (a) The relative elastic modulus and (b) relative yield strength obtained from the analytical,
simulated, and experimental results versus a logarithmic scale of relative density in the as-built and
heat-treated CoCrMo alloys.

In Figure 8b, the relative yield strength versus relative density also followed a linear
trend, which was similar to the relative elastic modulus versus relative density. The fitting
curve of the relative yield strength in both simulated and experimental results also deviated
from that proposed using the Gibson–Ashby model. The data of simulation analysis and
heat-treated samples were better fitted, while there was a deviation between the fitting
curve and data in the as-built samples. The exponent m obtained from the simulated,
as-built, and heat-treated results were 1.83, 2.59, and 2.36, respectively, which was relatively
greater than the 1.5 derived from the Gibson–Ashby model. The exponential value of
1.83 derived from simulation analysis was close to that of 1.97 in other bcc strut-based
structures [45]. In general, a closer agreement was attained in the simulation analysis of
bcc strut-based structures between this study and another previous study [45]. However,
there was not a close correlation between the predicted and experimental values in the
present study.

136



Materials 2023, 16, 751

3.5. Microstructural Characterization in Both Conditions

The microstructures significantly govern the mechanical performance of SLM-built
alloys. A considerably decreased yield strength in the heat-treated CoCrMo alloys was
ascribed to the microstructural change after heat treatment. Figure 9 depicts OM images of
the morphologies in the fully dense as-built and heat-treated CoCrMo alloys. In Figure 9a,c,
two typical morphologies of melt pools in half-cylinder and stripe-like shapes were obvious
in the plane parallel and perpendicular to the building direction, respectively, which was
similarly seen in other SLM-built alloys. In Figure 9b,d, there was a disappearance of melt
pools and a presence of grain boundaries with different grain sizes after heat treatment.
In Figure 9b, most of the large grains were elongated with their long axes parallel to the
building direction, implying an incomplete recrystallization process after heat treatment.
The average length and width of elongated grains were 120 and 44 µm, respectively.
Fine grains were also observed, which were newly formed grains in the initial stage of
recrystallization. In Figure 9d, the grains were more likely to be equiaxed grains with an
average size of 11 µm.
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Figure 10 shows SEM images in the fully dense as-built and heat-treated CoCrMo
alloys. A typical cell structure with an average size of 0.57 µm was obvious in the as-built
CoCrMo, shown in Figure 10a. The energy-dispersive X-ray spectroscopy (EDS) analysis
disclosed a different elemental distribution between the cell boundary and the cell. The
cell boundary was found to be C-Mo rich, presumably ascribed to the M23C6 phase [29].
When the metal powder was heated and cooled rapidly, Mo with a high melting point was
discharged to the cell boundary, and CoCr remained inside the cell [58]. In Figure 10b, the
formation of precipitates was visible at both the grain boundaries and within the grains after
heat treatment. The precipitates at the grain boundaries seemed to be slightly elongated
along the grain boundaries, and their sizes were much greater than those inside the grains.
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3.6. Strengthening Mechanisms

The mechanical properties of CoCrMo alloys were significantly altered in the as-built
and heat-treated conditions, ascribed to their microstructural changes in governing the
role of distinct strengthening behaviors, such as grain boundary strengthening, dislocation
strengthening, and Orowan strengthening. The contribution of each strengthening mecha-
nism to the calculated yield strength of CoCrMo alloys in both conditions was estimated.

The grain boundary strengthening is shown below [24,59].

∆σGB = kd−1/2 (8)

where k is the Hall–Petch constant, and it has different values for the fcc and hcp phases. K
is 400 [6] or 243.9 MPa µm−1/2 [60] for the fcc or hcp phase, respectively. d is the average
grain or cell size determined from SEM analysis.

The dislocation strengthening was described as follows [24].

∆σdis = αMGbρdis
1/2 (9)

where α is a dimensionless constant, M is the Taylor factor, G is the shear modulus, b is the
Burgers vector, and ρdis is the dislocation density. α is 0.24 [61] or 0.1 [62] for the fcc or hcp
phase, respectively. G is 78.4 [63] or 82.2 GPa [64] for the fcc or hcp phase, respectively. b is
0.1463 nm for both the fcc and hcp phases [14]. ρdis was obtained from CMWP fitting.

The Orowan mechanism was expressed as [65].

∆σOrowan =
2Gb
d f

(6Vf

π

)1/3

(10)

where d f is the average diameter of precipitates and Vf is the volume fraction of precipitates.
d f and Vf were determined from SEM analysis.

The calculated yield strength for the fcc or hcp phase was presented as

σi = MτCRSS + ∆σGB + ∆σdis + ∆σOrowan (11)

where i is the fcc or hcp phase, M is the Taylor factor, and τCRSS is the critical resolved shear
stress [66]. M is 2.57 [66] or 3.06 [25] for the fcc or hcp phase, respectively. τCRSS is 54 [67]
or 184 MPa [62] for the fcc or hcp phase, respectively.

There was a negligible contribution of precipitation hardening, and only the fcc phase
existed in the as-built CoCrMo alloys. Meanwhile, since there existed two phases of fcc
and hcp after heat treatment, the calculated yield strength of heat-treated CoCrMo alloys
could be estimated with the rule of mixture as shown below [24].

σy = fhcpσhcp +
(

1− fhcp

)
σf cc (12)
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where fhcp is the volume fraction of hcp grains, and σhcp and σf cc are the strengths of hcp
and fcc grains, respectively.

Figure 11 describes the contributing strength values and calculated yield strengths
compared with the measured yield strengths in the fully dense as-built and heat-treated
CoCrMo alloys. The calculated yield strengths in the as-built and heat-treated CoCrMo
alloys were 1055 and 790 MPa, respectively, which were in very good accordance with
the measured yield strengths of 1079 and 822 MPa, respectively. Both the strength values
of grain boundary strengthening and dislocation strengthening were reduced after heat
treatment. The disappearance of cellular structure, the increase in grain size, and the
decrease in dislocation density were mainly responsible for the decreased yield strength
after heat treatment.
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4. Discussion

The Gibson–Ashby model is one of the most popular theoretical predictions to evalu-
ate the correlation between porous structures and their mechanical performance. Clarifying
reasonable factors governing the difference between the predicted and experimental re-
sults is necessary to establish a better design for SLM-built porous CoCrMo structures.
The predicted values from simulation and analytical analysis underestimated the elastic
modulus and yield strength of the CoCrMo alloys as compared to the experimental values.
Higher exponential values derived from the experimental data of elastic modulus and yield
strength were presumably attributed to the structural characteristics of the bcc strut-based
structures. The strut was not parallel to the compression direction, which was different
from the Gibson–Ashby model. Thus, the resistance to load deformation is weak and results
in larger exponential factors of elastic modulus and yield strength [68]. Another possible
reason is the presence of defects during the SLM process, causing the discrepancy between
the designed and actual relative density [69]. Due to the increased surface area of the strut,
the printing process causes a partial melting of the loose powder beneath it and bonds it to
the strut surfaces, resulting in the increased weight and higher actual relative density of the
specimen but a negligible contribution to the mechanical strength [45,69]. In addition, the
corrugation and increased surface roughness of the strut caused by partially melted powder
possibly induce stress concentration and thus lead to a lower elastic modulus as well as
a lower yield strength of the SLM-built alloys [69]. As the relative density decreases, the
thinner the strut, the slower the cooling rate, and the coarser the microstructure, which acts
as another reasonable factor in reducing the yield strength besides the density effect [70].
Such a lower yield strength results in an increase in the exponential factor of the experi-
mental data. Although the elastic modulus and yield strength were not well fitted using
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the Gibson–Ashby model, the predicted values could still be referred to for future designs
of SLM-built porous CoCrMo alloys with adjustable mechanical properties.

5. Conclusions

The role of different, designed volume porosities and heat treatment processes on
the mechanical properties of SLM-built CoCrMo alloys were investigated. The SLM-built
CoCrMo with an actual porosity above 34% exhibited porous structures. An optimal actual
porosity of 48% resulted in appropriate mechanical responses of the SLM-built CoCrMo
structures compared to those of the human bone. Furthermore, the heat treatment process
was found to be more beneficial in tailoring Young’s modulus and the yield strength of
the SLM-built CoCrMo alloys with a minimal stress shielding effect. Possible explana-
tions for the underestimated exponential factors from simulation and analytical analysis
compared to the experimental values were reported. Our findings suggest the optimal
design of bcc lattice-structure-based CoCrMo alloys for a closer match in mechanical
properties between the porous SLM-built CoCrMo implants and bone tissue for potential
biomedical applications.
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Nomenclature

bcc Body-centered cubic
SLM Selective laser melting
hcp Hexagonal closest packed
Ta Tantalum
Ti Titanium
Co Cobalt
CoCrMo Cobalt-chromium-molybdenum
3D Three-dimensional
CADITRI Computer aided design Industrial Technology Research Institute
OM Optical microscope
SEM Scanning electron microscopy
ρ f Density of foam
ρS Density of solid structure
Mporous Weight of the porous sample
Vporous Volume of the porous sample
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ρS Density of solid structure
ρw Density of water
wa Weight of the sample in air
ww Weight of the sample in water
ρ∗ Relative density of material
ρmeasured Measured density
ρtheoretical Theoretical bulk density
fhcp Volume fraction of hcp
f f cc Volume fraction of fcc
I(1011)hcp Integrated intensity of the (1011)hcp peaks for the hcp
I(200) f cc Integrated intensity of the (200) f cc peaks for the fcc
E/ES Relative elastic modulus
σ/σS Relative yield strength
E Elastic modulus of cellular material
ES Elastic modulus of solid material
σ Yield strength of cellular material
σS Yield strength of solid material
ρ Density of cellular material
ρS Density of solid material
C1 Constant
C5 Constant
m Exponential factor
n Exponential factor
EDS Energy-dispersive X-ray spectroscopy
∆σGB Grain boundary strengthening
k Hall-Petch constant
d Average grain or cell size
∆σdis Dislocation strengthening
α Dimensionless constant
M Taylor factor
G Shear modulus
b Burgers vector
ρdis Dislocation density
∆σOrowan Orowan strengthening
d f Average diameter of precipitates
Vf Volume fraction of precipitates
i fcc or hcp phase
τCRSS Critical resolved shear stress
σhcp Strength of hcp
σf cc Strength of fcc
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1. Introduction

Additive manufacturing, commonly referred to as 3D printing, is a fabrication method
characterized by a layer-by-layer deposition process [1]. Its procedural framework en-
compasses several sequential stages, including design conceptualization, computer-aided
modeling, slicing of digital designs into printable layers, physical printing, and subsequent
post-processing treatments. In contrast to conventional manufacturing methodologies,
additive manufacturing presents notable advantages such as enhanced geometric versa-
tility, reduced material wastage, and expedited production cycles [2]. Furthermore, the
distinctive attributes of additively manufactured alloys and composites, which include
a profusion of metastable microstructures and exceptional material properties, have at-
tracted considerable scholarly and industrial attention. These attributes are primarily
ascribed to the inherent characteristics of additive manufacturing processes, including
rapid cooling rates, large thermal gradients, and intricate thermal cycling histories. As a
result, additive manufacturing has emerged as a focal point of interdisciplinary research
endeavors, garnering widespread interest and engagement from academic and industrial
stakeholders alike.

Currently, additive manufacturing is extensively applied in the fabrication of steels [3],
nonferrous alloys [4], and metal matrix composites [5], meeting the stringent performance
requirements across diverse sectors including aerospace, automotive, electronics, medical,
military, and architecture. However, the additive manufacturing of alloys and composite
materials still faces significant challenges. These challenges encompass an inadequate
understanding of the complex interactions between processing parameters, the resulting
microstructures, and the ensuing material properties. Additionally, elevated production
costs, the prevalence of defects, and a lack of established theories elucidating the principles
of physical metallurgy governing additive manufacturing processes further complicate the
advancement and optimization of these technologies.

To further advance additive manufacturing technology, Dr. Liu et al. recently cu-
rated a Special Issue entitled “Additive Manufacturing of Alloys and Composites”. This
Special Issue focuses on advanced materials and related processes, aiming to explore the
mechanisms governing microstructural evolution and property enhancement in additive
manufacturing. Ultimately, ten contributions showcasing significant advancements in this
domain were selected for inclusion. These articles cover additively manufactured stainless
steels, superalloys, CoCrMo alloys, and metal matrix composites. Through these publi-
cations, this Special Issue not only presents the latest developments in high-performance
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additive manufacturing materials but also paves the way for future advancements in
additive manufacturing technology and the development of advanced materials.

2. Contributions
2.1. Alloys

Stainless steel, with its excellent mechanical properties and corrosion resistance, is
gaining increasing attention in both scientific and technological fields. Chang et al. [6]
successfully prepared complex 15-5PH stainless steel components by combining powder
metallurgy with fused deposition modeling (FDM). Their results demonstrated optimal
material fluidity at 285 ◦C during the FDM process and a solvent debinding rate of 98.7%
achieved at 75 ◦C over 24 h. Furthermore, during the sintering process, the relative density
of the sintered parts reached 95.83% at a sintering temperature of 1390 ◦C. This study
provides valuable guidance for optimizing the FDM, debinding, and sintering processes.

In contemporary industrial applications, duplex stainless steels (DSSs) are exten-
sively utilized across various sectors. However, the challenges in producing additive-
manufactured DSSs are compounded by high levels of nitrogen (N), chromium (Cr), molyb-
denum (Mo), and other alloying elements. To address these issues, He et al. [7] developed
a novel low-N 25Cr-type DSS. This novel low-N 25Cr-type DSS, fabricated using the Laser
Powder Bed Fusion (L-PBF) method, exhibited a yield strength of 712 MPa and an elon-
gation of 27.5%. Moreover, this study revealed that solution treatment at 1200 ◦C leads
to the formation of discrete and refined austenite precipitates at ferrite grain boundaries,
thereby enhancing strength and ductility. In their subsequent work [8], they transferred
their eyes to the corrosion resistance investigation of low-N 25Cr-type duplex stainless
steel prepared by the L-PBF method and solution treatment and analyzed the mechanism
behind corrosion resistance enhancement. The results showed after solution treatment
at 1200 ◦C for 1 h, the residual thermal stress in the specimen was eliminated and the Cr
content in the ferrite phase increased, leading to an improvement in corrosion resistance.

To mitigate the stress shielding phenomenon in bone implants, Lam et al. [9] employed
a selective laser melting (SLM) process to fabricate porous CoCrMo alloys. Their study
aimed to determine the optimal volume porosities and heat treatment parameters to achieve
a close match in elastic modulus and yield strength between human cortical bone and
SLM-built CoCrMo alloys. Their results revealed a significant reduction in elastic modulus
and yield strength with increasing actual porosity. Notably, heat-treated CoCrMo structures
with an actual porosity of 48% demonstrated the most favorable mechanical properties,
closely approximating those of human cortical bone, thereby presenting promising potential
for biomedical implant applications.

Additionally, Jiang et al. [10] outlined an optimal process route for the preparation of
Inconel 718 tools intended for cold, deep drawing applications. Utilizing Inconel 718 pow-
der as the raw material, these authors optimized parameters for both Laser Powder Bed
Fusion (L-PBF) and double annealing (DA), followed by surface finishing techniques. The
resulting Inconel 718 tools exhibited a tensile strength of 1511.9 MPa and a hardness of
55 HRC. This process route successfully addressed the challenge of meeting the mechan-
ical property requirements for cold deep drawing applications with L-PBF-built Inconel
718 tools.

2.2. Metal Matrix Composites

The thermal conductivity of metal matrix composites is a critical property for die
production and electronic devices. Determining the effective thermal conductivity of
additive-manufactured composites under various parameters often necessitates extensive
experiments. Li et al. [11] addressed this challenge by constructing a theoretical model
with a high accuracy of 86.7% for rapidly predicting the thermodynamic properties of
laser-cladded Cu/Ni composites. The model’s error was attributed to the ignorance of
metallurgical bonding at the interface between the two different metals during the laser
cladding process. It was observed that higher model accuracy could be achieved in samples
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with a larger cladding layer thickness. Meanwhile, Zhou et al. [12] employed their inde-
pendently designed liquid–solid separation method to fabricate diamond/Al composites
reinforced with 40 vol.% diamond particles, achieving high thermal conductivity. This
innovative approach demonstrates the potential for producing composites with superior
thermal properties for advanced industrial applications.

To ensure excellent interfacial bonding in Fe/Al composites post-heat treatment, a
comprehensive understanding of the growth kinetics of intermetallic compounds (IMCs)
is crucial. Zhang et al. [13] investigated the nucleation and early growth behavior of pure
Fe/pure Al IMCs using in situ analysis. During the heat treatment process at 380 ◦C, the
primary IMCs transitioned from the initial Fe4Al13 phase to the stable Fe2Al5 phase. Ini-
tially, the growth rate of IMCs in thickness was closely aligned with the horizontal growth
rate, ranging from 0.02 to 0.17 µm/min. However, upon reaching a thickness of 4.5 µm,
the growth rate significantly decelerated to 0.007 µm/min. Similarly, during heat treat-
ment at 520 ◦C, the predominant IMCs were of the Fe2Al5 phase, exhibiting a horizontal
growth rate of 0.53 µm/min and a thickness growth rate of 0.23 µm/min. This investiga-
tion into the nucleation and early growth behavior of IMCs provides valuable insights,
potentially reducing the reliance on costly trial-and-error processes in the microalloying of
these composites.

The aerospace and transportation industries impose stringent requirements on the
mechanical and damping properties of Al-based matrix composites (AMCs). Insufficient
damping capacity has notably restricted their applications in vibration-sensitive environ-
ments. Lin et al. [14] investigated the mechanical and damping properties of SiCf/Al-Mg
composites with varying Mg contents. These composites were fabricated using colloidal
dispersion combined with a squeeze-melt infiltration process. Their results indicated that the
addition of Mg effectively enhanced interface bonding and strengthened the aluminum ma-
trix, thereby improving the flexural strength and elastic modulus of the composite. However,
higher Mg content led to the formation of pores, compromising the composite’s plasticity.
Furthermore, the incorporation of SiC fibers significantly enhanced the damping capacity of
the composites, particularly under strain amplitudes exceeding 0.001%. This study provides
valuable insights into achieving AMCs with superior mechanical performance.

As high-speed and heavy-haul rail transportation continue to evolve, there is an
increasing demand for materials with a superior combination of hardness and toughness
to prevent surface failures in rail turnouts. Zhao et al. [15] developed in situ WC primary
reinforced bainite steel matrix composites with a notable hardness/toughness trade-off
using direct laser deposition (DLD). These authors attributed the excellent balance between
hardness and toughness to the adaptive adjustment of both the matrix and reinforcement
microstructures, where a higher concentration of primary reinforcement contributed to
enhanced mechanical properties.

3. Outlook

The present Special Issue attracted a substantial number of submissions, from which
over 10 exceptional works were meticulously chosen to comprise the final publication.
The Guest Editors express their sincere gratitude to all authors, reviewers, and publishers
for their contributions and support of this endeavor. Encouraged by this success, a new
Special Issue entitled “Additive Manufacturing of Alloys and Composites (Second Edi-
tion)” has been commissioned. Submissions from researchers worldwide are welcome for
consideration in this forthcoming Special Issue, with further details available on the fol-
lowing website: https://www.mdpi.com/journal/materials/special_issues/NB0LNF40YT
(accessed on 20 February 2024).
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